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Chapter 1 Introduction 

1.1 Background 

The continued pursuit for structural materials with superior mechanical properties, and the 

increasing necessity to save energy and reduce emissions, have posed high demands on material 

scientists to research, not only into the development of established materials and processing routes, 

but also the design of novel alloys and advanced processing techniques. In automotive and aviation 

industry, reducing structural weight is one of the major ways to meet the stringent requirements 

for reduced emissions and improved fuel economy. On the other hand, improving the performance 

and service life of structural components used in automobiles and aircrafts are essential demands 

to guarantee the consumers’ safety, which should always be the first priority. Therefore, there is 

an increasing trend to use lightweight structural materials like aluminum alloys for various 

commercial applications due to their high specific strength, good formability and decent 

machinability [1–3]. A thorough understanding of the mechanical behaviors and strengthening 

mechanisms in aluminum alloys will be very important for guiding the structural design of novel 

alloys with high strength and large ductility which will find a wide range of applications. 

1.2 Aluminum alloys and general properties 

Aluminum is the third most abundant element in the earth’s crust, and the most abundant 

metallic element. It has a face-centered cubic (FCC) crystal structure and a density of 2.7 g/cm3, 

around one-third that of iron or copper, which makes it one of the lightest commercially available 

metals. The substantial strength to weight ratio makes it of especially good use where light 

materials with good mechanical properties are needed. Pure aluminum is soft and ductile. However, 

most commercial applications require higher strength than pure aluminum can afford. The addition 

of alloying elements like copper, manganese, silicon, magnesium and zinc can increase the 
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strength properties of aluminum and produce an alloy with properties tailored to particular 

applications. To characterize the different aluminum alloys, they are grouped by their respective 

production process and alloying elements. The roughest differentiation exists between wrought 

and cast aluminum alloys. The main difference between wrought and cast aluminum alloys is the 

microstructures that the production process generates. Both sets can be further divided into heat-

treatable and non-heat-treatable alloys. This dissertation deals only with wrought aluminum, the 

properties of cast aluminum will not be mentioned further. Wrought aluminum alloys are typically 

divided into 7 series with each series corresponding to specific alloying elements, as listed in Table 

1-1. 

Table 1-1 Wrought aluminum alloy designation system. 

Series Major alloying elements Heat treatable or not 

1xxx Al ≥ 99% Non-heat-treatable 

2xxx Cu Heat-treatable 

3xxx Mn Non-heat-treatable 

4xxx Si Non-heat-treatable 

5xxx Mg Non-heat-treatable 

6xxx Mg + Si Heat-treatable 

7xxx Zn + Mg + Cu Heat-treatable 

The initial strength of heat-treatable aluminum alloys (2xxx, 6xxx and 7xxx series) is enhanced 

by the addition of alloying elements. Further strengthening can be achieved through the 

precipitation of a special hardening phase during heat treatment or aging. Therefore, the 

mechanical properties of heat-treatable aluminum alloys can be adjusted after forming, which 

makes for superior fabricability. Non-heat-treatable aluminum alloys (1xxx, 3xxx, 4xxx and 5xxx 

series) show no significant precipitation hardening and are mostly strengthened via working 
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hardening or solid solution hardening. Fig. 1.1 shows the relationship between the tensile strength 

and elongation in various types of aluminum alloys [4,5], where a trade-off relationship between 

the strength and ductility can be observed. In this graph, the heat-treatable aluminum alloys, for 

example, the 2xxx and 7xxx series exhibit very high tensile strength but limited ductility. In 

contrast, the non-heat-treatable 1xxx and 3xxx series show low tensile strength but large ductility. 

It is noteworthy that 5xxx series (Al-Mg alloys) possess a relatively good balance between strength 

and ductility, compared with other aluminum alloys. The simultaneous increase in both strength 

and ductility is highly required, because high strength allows structural components to carry high 

load and large ductility is essential to prevent catastrophic failure. 
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Fig. 1.1 General relationship between tensile strength and elongation in various types of aluminum alloys [4,5]. 

It’s noted that different alloying elements contribute to significantly different mechanical 

properties of aluminum alloys. One of the underlying principles for alloying is that alloying 

elements influence the microscopic deformation mechanism that governs the macroscopic 

mechanical behavior. Fig. 1.2 shows the true tress-strain curves for three representative aluminum 

alloys (1100-Al [4], Al-5Mg [6] and 7075-T6 alloy [7]). The stress-strain behaviors clearly show 
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that, heat-treatable aluminum alloy exhibits high yield strength but low work hardening and limited 

ductility, whereas non-heat-treatable Al-Mg alloy shows relatively low yield strength but excellent 

work hardening and favorable ductility. The relatively good balance between strength and ductility 

in Al-Mg alloys results from the excellent work-hardening ability. As a material with single-phase 

structure, the outstanding work-hardening ability of Al-Mg alloys is believed to be induced by Mg 

addition. Meanwhile, adding Mg can further reduce the density of the alloy, which is desirable for 

weight reduction. It is therefore of value to investigate Al-Mg alloys with different Mg contents 

as candidates that lead to more enhanced mechanical properties. 
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Fig. 1.2 True tress-strain curves for three representative aluminum alloys. 

1.3 Al-Mg alloys and strengthening mechanisms 

Al-Mg alloys constitute an important class of lightweight structural materials which find wide 

applications in automotive and aviation industry. The high solubility of Mg in Al at elevated 

temperatures (maximum 15 wt.% at 450 ℃) and the large atomic size mismatch (12%) between 

Al and Mg atoms make Mg one of the alloying elements that can provide effective enhancement 

of strength, while maintaining a high specific strength and a relatively low production cost. The 
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constant demand for a reduction in the weight of structural components, coupled with an increase 

in strength-ductility synergy, has focused attention on the development of Al-Mg alloys with high 

strength and large ductility. Thus, further improvements in the understanding of mechanical 

properties and strengthening mechanisms in Al-Mg alloys are highly required. 

As an important class of non-heat-treatable aluminum alloys, Al-Mg alloys are mostly 

strengthened by solid solution hardening, grain boundary strengthening, work hardening, or, the 

combination of these methods. Strength and ductility are two of the most important mechanical 

properties of structural materials. However, the strength-ductility synergy has never been achieved 

in coarse-grained metallic materials. It is well-known that grain refinement can effectively improve 

the yield strength of metallic materials without changing the chemical composition, as described 

by the Hall-Petch relationship [8]: 

𝜎𝑌𝑆 = 𝜎0 + 𝑘𝐻𝑃𝑑
−1 2⁄ (1 − 1) 

where σYS is the yield strength, σ0 is the friction stress, kHP (Hall-Petch slope) is a constant that 

describes the relative strengthening contribution of grain boundaries and d is the mean grain size 

of the material. Significant grain size refinement can be achieved by various severe plastic 

deformation processes [9], which leads to ultra-high strength according to the Hall-Petch 

relationship. Unfortunately, the ductility is usually deteriorated when the grain size decreases down 

to ultrafine range, as shown in Fig. 1.3 [10], which is known as the trade-off relationship between 

strength and ductility. The poor tensile ductility, especially the limited uniform elongation of 

ultrafine-grained materials, severely limits their applications in the industry. The uniform 

elongation of a material during tensile deformation is determined by the plastic instability 

condition: 

σ ≥
dσ

dε
(1 − 2) 
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where σ is flow stress, ε is true strain, and dσ/dε is work-hardening rate. According to the plastic 

instability condition, necking will occur when the flow stress becomes larger than the work-

hardening rate. The yield stress increases with decreasing grain size without any accompanying 

increase in work-hardening rate, leading to the occurrence of plastic instability at very early stage 

of tensile test in the ultrafine-grained materials. In order to obtain enough uniform elongation in 

the ultrafine-grained materials, in turn, the Eq. (1-2) also suggests that it is necessary to enhance 

the work hardening of the material by any means. Improving the uniform elongation of ultrafine-

grained materials has been a challenging issue for industrial applications. 

 

Fig. 1.3 True stress-strain curves of the 1100-Al with various grain sizes produced by accumulative roll-bonding and 

subsequent annealing [10]. 

On the other hand, many studies have shown that increasing Mg content in Al-Mg alloys leads 

to an enhancement of both yield strength and work-hardening capacity without significantly 

sacrificing the ductility [11,12], as shown in Fig. 1.4. Therefore, it’s reasonable to anticipate that 

high strength and large ductility could be achieved through combining optimized grain refinement 

with Mg addition. Furthermore, it should be noted that the effects of grain size and Mg content on 

the mechanical properties of Al-Mg alloys may be far more complicated since some researchers 
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have reported that solute segregation during annealing can have significant effect on the 

mechanical properties and deformation behaviors of structural materials [13,14]. Murdoch and 

Schuh [15] have reported that Mg has a positive enthalpy of segregation in Al and would therefore 

have an energetic preference to segregate to the grain boundaries. It seems possible that grain 

boundary segregation may occur in Al-Mg alloys during annealing and alter the structure of the 

grain boundary. And it has already been noticed that the Hall-Petch slope for Al-Mg alloy is 

significantly larger than that of pure Al [16–18], which suggests that the addition of solute Mg 

contributes not only to solid solution hardening but also to enhanced grain boundary strengthening. 

These results indicate that there are some possibilities to further improve the mechanical properties 

of Al-Mg alloys. However, there are still lack of details about the underlying physics of yielding 

phenomenon that relates to solute segregation and the relationship between Hall-Petch slope and 

global Mg content. Thus, it is necessary to investigate the combined effects of grain size and Mg 

content on the mechanical properties and strengthening mechanisms in Al-Mg alloys, for 

managing both high strength and large ductility. 

 

Fig. 1.4 Engineering stress-strain curves of Al-Mg alloys with different Mg contents [11]. 
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1.4 High work hardening in Al-Mg alloys 

Work hardening is one of the most important factors in the evaluation of plastic deformation, 

and it is critical for the stability of plastic flow against strain localization. The tensile strength and 

ductility of materials are closely related to the work-hardening capacity [19]. Therefore, a thorough 

understanding of the work-hardening behavior in terms of the fundamental mechanisms has 

attracted tremendous interest for its importance in advanced manufacturing processes and novel 

alloy design. As mentioned in the previous section, increasing Mg content can significantly 

increase the work-hardening ability of Al-Mg alloys, resulting in a better strength-ductility balance. 

But the underlying mechanism of the improved strength-ductility synergy has not been fully 

explored. It has been believed that work hardening is governed by the evolution of dislocation 

structures and the extent of work hardening with increments in the dislocation density can be well 

described by the Bailey-Hirsch relationship [20]. The dislocation density is determined by two 

competing processes: one is athermal storage of forest dislocations and the other is dynamic 

recovery due to thermally activated dislocation rearrangements and annihilation. The effect of Mg 

atoms on the work hardening of Al-Mg alloys should be attributed to their effects on these two 

processes. 

The most frequently quoted explanation for the enhanced work-hardening rate with increasing 

Mg content is based on a viewpoint of stacking fault energy (SFE). It is well known that pure Al 

is a high SFE material, dynamic recovery can easily take place through the cross slip of 

dislocations during deformation, facilitating the formation of dislocation cell structures [11,21]. 

This cell structure has a low dislocation storage capacity, that’s why pure Al exhibits low work 

hardening during tensile deformation [11]. Intensive investigations have been carried out on the 

microstructure evolution and work hardening in Al-Mg alloys [21–24]. It has been shown that the 
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addition of solute Mg can inhibit cell structure formation and result in a higher work-hardening 

rate, which is often considered to be attributed to Mg addition reduces the SFE [11,25–27], as 

shown in Fig. 1.5. The conventional view considers that the SFE decreases with increasing Mg 

content, which results in the recombination of partial dislocations becoming difficult, thus limiting 

dislocation cross slip. Note that the judgment is mainly based on theoretical calculation, while 

direct experimental data are not available. 

 

Fig. 1.5 Effect of Mg content on stacking fault energy in aluminum alloys [26,27]. 

Despite there are some published results showing that stacking faults and micro twins can be 

observed in some severely deformed Al-Mg alloys [28,29] or shock-loaded Al-Mg alloys at low 

temperature [30], the dislocation dissociation is so weak that no direct experimental evidence has 

ever shown stacking faults or deformation twins in Al-Mg alloys under quasi-static tensile 

deformation at room temperature. Therefore, it is believed that the SFE should still be remarkably 

high in Al-Mg alloys. In addition, a comparative study on the work hardening of Al-Mg and Al-

Cu alloys revealed no significant difference in dislocation structures and work-hardening 

behaviors, in spite of the opposite effects of Mg and Cu on the SFE of Al matrix [31]. If the 

explanation based on SFE were established, adding Cu should increase the SFE of Al and therefore 
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well-defined cell structures would occur in Al-Cu alloy. But the dislocation structure in Al-Cu 

alloy is very similar to that observed in Al-Mg alloy. These experimental evidence suggest that the 

reduction of SFE induced by Mg addition may not be the main cause that is responsible for the 

high work-hardening ability of Al-Mg alloys. Thus, an alternative interpretation is proposed that 

the microstructure evolution in aluminum alloys is controlled by solute-dislocation interactions 

rather than the stacking fault-induced barriers for cross slip [31]. But the detailed mechanism for 

the enhanced work-hardening rate by increasing Mg content has not been perfectly clarified yet. 

A thorough understanding of this mechanism is indispensable for designing new, improved alloys. 

1.5 Heterogeneous deformation in Al-Mg alloys 

In general, due to solid solution hardening and enhanced work hardening, an increase in Mg 

content leads to higher yield strength and ultimate tensile strength in Al-Mg alloys. Meanwhile, 

the deformation behavior changes with increasing Mg content, manifested by the serrated flow in 

the stress-strain curve, as shown in Fig. 1.4. The serrated flow is also understood in terms of the 

Portevin-Le Chatelier (PLC) effect [32–34]. PLC effect is a commonly observed heterogeneous 

deformation behavior in Al-Mg alloys. The most distinct features of PLC effect are the localized 

deformation bands and the motion of these bands along the specimen with increasing stress, as 

schematically illustrated in Fig. 1.6. Upon deformation at room temperature, Al-Mg alloys exhibit 

undesirable deformation traces on the as-formed sheet surface as a result of strain localization, 

which create undesired optical effects and limit sheet-forming applications. Understanding the 

fundamental features of the PLC effect is crucial for the effective use of Al-Mg alloys, and 

therefore more attention should be devoted to the heterogeneous deformation in Al-Mg alloys. 

The PLC effect has been studied extensively since its discovery. Various types of deformation 

bands induced by the PLC effect are known to exist. In general, the PLC bands can be classified 
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into three types (assigned as type A, type B, and type C) based on the morphologies of serrations 

that appear in the stress-strain curve of materials during constant strain rate tensile tests, and their 

characteristics are well documented [35]. Fig. 1.6 shows the schematics of motion, spatiotemporal 

appearances and stress-strain curve characteristics of these PLC bands [36]. The nucleation and 

propagation behaviors of PLC bands are directly related to the morphologies of the serrations in 

the stress-strain curve. Type A serrations are associated with repetitive continuous propagation of 

deformation bands along the gauge part of the sample and are often nucleated at one end of gauge 

part. Type B serrations correspond to a hopping propagation of localized bands in the axial tensile 

direction of the sample. Type C serrations are characterized by random nucleation of localized 

non-propagating bands accompanied by large stress drops. The appearance of the PLC bands can 

change from type A to type B and then to type C, either with decreasing strain rate or increasing 

temperature [37,38]. The PLC effect affects most material properties. Dynamic strain aging has 

generally been known to cause blue brittleness that deteriorates ductility at high temperatures or 

low strain rates [39,40]. On the other hand, the work hardening of materials is significantly 

enhanced under dynamic strain aging conditions [41]. If the serrated flow is properly controlled 

based on fundamental understanding of its mechanism, good work hardening is expected to be 

achieved, leading to high strength and large ductility of the material. 
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Fig. 1.6 Schematics of motion, spatiotemporal appearances and strain-controlled tensile curve characteristics of the 

PLC bands [41]. 

Several models have been proposed to explain different types of PLC instabilities occurring 

during plastic flow, the most commonly accepted explanation is based on a model called dynamic 

strain aging [42–44], which is defined as interaction between the moving dislocations and solute 

atoms. The mobile dislocations act as carriers of the plastic deformation according to this 

mechanism, and move unsteadily among the obstacles formed by other defects. There are two main 

solute-dislocation interaction models for dynamic strain aging in substitutional alloys: (Ⅰ) PLC 

effect occurs with the fast long-range diffusion (lattice diffusion) of solute atoms at a rate faster 

than the speed of the moving dislocations so as to catch and lock them [45]; (Ⅱ) Another 

consideration is that the diffusion of solute atoms might occur along the dislocation core (pipe 

diffusion) during the residence time of dislocations at obstacles [34,46,47]. The underlying 

atomistic interaction mechanisms between solute atoms and dislocations are still under debate. All 
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models agree on attributing the jerky dislocation motion and the resulting serrated flow pattern to 

a dynamic solute-dislocation interaction. In this perception, dislocation motion is assumed to be 

hindered by solute atoms that segregate to them. The dislocations are then assumed to overcome 

the obstacles collectively at a slightly higher resolved shear stress, resulting in negative strain 

sensitivity, leading to flow instability, i.e. the PLC effect [34]. 

However, there is still a gap between atomic-scale solute-dislocation interactions and 

macroscopic band behaviors during tensile deformation. It is hypothesized that the change of 

localized deformation behaviors is due to transition in operative dynamic strain aging mechanisms 

based on relative differences between the diffusion rate of the solute atoms and the velocity of the 

mobile dislocations throughout the dynamic strain aging domain. Nevertheless, the solute-

dislocation interaction models suggest that the Mg content does play an important role, as shown 

in Fig. 1.4, since high solute content can provide more abundant atoms for pinning arrested 

dislocations. In addition, recent studies on the PLC effect in substitutional alloys have shown that 

the behavior of serrated flow is also dependent on grain size. Experimental results on A1-Mg 

[48,49] and Cu-Zn [50] alloys have shown that the critical strain for the onset of serrated flow 

increases with increasing grain size. The serration amplitude was also found to decrease with 

increasing grain size in an Al-Mg-Si alloy [51], as shown in Fig. 1.7. Some consideration has been 

proposed that dynamic strain aging may occur preferentially at grain boundaries [52]. If dynamic 

strain aging does occur preferentially at grain boundaries, then it has been argued that this trend 

would provide a reasonable explanation of why fine-grained materials have enhanced dynamic 

strain aging properties. It is possibly useful to visualize grain boundaries as one specific form of 

local obstacles to dislocation motion at which the enhanced aging of dislocations takes place. 

Intensive studies have been carried out to investigate the effects of strain rate and temperature on 
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the nature of PLC effect, there has been no systematic study of the effects of solute content and 

grain size on the localized deformation behaviors so far. This becomes an important issue since 

Mg addition and grain refinement are the main methods to further improve the comprehensive 

mechanical properties of Al-Mg alloys. The investigation will provide new insights into localized 

deformation behaviors, and may contribute to the understanding of the macro-deformation 

mechanism induced by dynamic strain aging. 

 

Fig. 1.7 The effect of grain size on the strain dependence of serration amplitude in the Al-Mg-Si alloy [51]. 

1.6 Purpose of the present study 

The main purposes of the present study are as follows: 

(1) To clarify the combined effects of grain size and Mg content on the mechanical properties 

and strengthening mechanisms in Al-Mg alloys, for managing both high strength and large 

ductility. 

(2) To investigate the effect of solute Mg on the evolution of dislocation density during tensile 

deformation and the mechanism of high work-hardening ability in Al-Mg alloys. 

(3) To understand the fundamental features of the serrated flow and the relevant mechanisms 

of heterogeneous deformation in Al-Mg alloys. 
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1.7 Dissertation outline 

The dissertation is composed of five chapters. 

In Chapter 1, the background and purpose of this study were introduced. 

In Chapter 2, the combined effects of grain size and Mg content on the mechanical properties 

and strengthening mechanisms in Al-Mg alloys were systematically investigated. Systematic 

tensile tests confirmed the accurate and reliable Hall-Petch relationships, where extra-hardening 

phenomena accompanying with discontinuous yielding behaviors were observed in the fine-

grained alloys. It was found that the addition of solute Mg contributed not only to solid solution 

hardening, but also to enhanced grain boundary strengthening due to an increased Hall-Petch slope. 

In addition, increasing Mg content could postpone the occurrence of drastic loss of ductility 

induced by the enhanced early plastic instability associated with the occurrence of discontinuous 

yielding behavior in ultrafine-grained alloys. 

In Chapter 3, the effects of solute Mg on the microstructure evolution and work hardening in 

Al-Mg alloys having similar grain size were investigated. The tensile results showed that Al-Mg 

alloys with higher Mg contents exhibited higher work-hardening rate, as well as better strength-

ductility balance than those with lower Mg contents. The in-situ synchrotron XRD results showed 

that the dislocation density accumulated much faster with strain in Al-Mg alloys with higher Mg 

contents. TEM observations revealed that the addition of solute Mg could hinder dislocation cross 

slip and promote a transition from wavy slip to planar slip. It was concluded that the excellent 

tensile properties and work-hardening ability of the Al-Mg alloys were mainly caused by the high 

dislocation density induced by the solute Mg-dislocation interactions. 

In chapter 4, the spatiotemporal characteristics associated with heterogeneous deformation 

behaviors in Al-Mg alloys were investigated to reveal the relevant mechanisms. It was found that 
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the characteristics of PLC bands depended strongly on Mg content and grain size. The local 

rearrangement of solute Mg by cross-core diffusion could be applied as a partial mechanism to 

explain the PLC effect, and detailed analysis suggested that both dynamic strain aging and 

intensive dislocation interactions were necessary prerequisites to produce the PLC instabilities. 

In chapter 5, the main research accomplishments and final conclusions of the dissertation are 

summarized. 
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Chapter 2 Effects of grain size and Mg contents on the mechanical properties 

of Al-Mg alloys 

2.1 Introduction 

Al-Mg alloys are increasingly being used as structural materials in automotive and aviation 

industry because of their good combination of high specific strength, favorable formability and 

excellent work-hardening ability [1–3]. As an important class of non-heat-treatable aluminum 

alloys, Al-Mg alloys are mostly strengthened by solid solution hardening, grain boundary 

strengthening and work hardening since the Al3Mg2 precipitates have no significant particle 

strengthening effect [4–6]. Structural materials with high strength and large ductility are desirable 

for industrial applications because high strength allows structural components to carry high load 

and large ductility is essential to prevent catastrophic failure. To achieve a superior strength and 

ductility balance is an ultimate goal for structural materials research and development. However, 

the combination of high strength and large ductility has never been achieved in coarse-grained 

(CG) metallic materials. Grain refinement can effectively improve the yield strength of pure Al 

according to the Hall-Petch effect, but the ductility (especially the uniform elongation) is usually 

deteriorated when the grain size decreases down to ultrafine range due to the lack of work-

hardening ability, which is known as a trade-off relationship between strength and ductility [7–9]. 

On the other hand, many studies have shown that increasing Mg content in Al-Mg alloys leads to 

an enhancement of both yield strength and work-hardening capacity without significantly 

sacrificing the ductility [10,11]. Therefore, it’s reasonable to anticipate that high strength and large 

ductility could be achieved through combining optimized grain refinement with Mg addition. 

Numerous studies have been carried out on Al-Mg alloys, but little work has been reported on the 



25 
 

combined effects of grain size and Mg contents on the mechanical properties and strengthening 

mechanisms in Al-Mg alloys so far. 

A clear understanding of the mechanical response of this alloy system will be very important 

for guiding the structural design of new, improved Al-Mg alloys. The main purpose of this chapter 

is to systematically investigate the combined effects of grain size and Mg contents on the 

mechanical properties and strengthening mechanisms in Al-Mg alloys, for managing both high 

strength and large ductility. 

2.2 Materials and experimental methods 

2.2.1 Starting materials 

Al-xMg (x = 2.5, 5, 7.5 and 10 wt.%) alloys were selected as model alloys in this study and 

their chemical compositions are listed in Table 2-1. For Al-2.5, 5 and 7.5Mg alloys, the as-received 

materials were firstly heated at 500 °C (above the solvus temperatures) for 2 hours to ensure 

homogenization, followed by water quench to get supersaturated solid solutions with single-phase 

structure. For Al-10Mg alloy, a cylindrical sample with 39 mm in diameter was cut from the as-

received ingot and then extruded at 400 ℃ with an extrusion ratio of 10.6. The as-extruded rod 

was then heat treated at 450 ℃ for 30 min to remove the second phase, and immediately cooled in 

water. These as-homogenized Al-Mg alloys were used as starting materials for the proceeding 

experiments carried out in the present study. 

Table 2-2 Chemical compositions of the Al-Mg alloys used in this study (wt.%). 

Composition Si Fe Cu Mn Mg Cr Zn Ti Be Al 

Al-2.5Mg 0.11 0.25 0.03 0.06 2.5 0.19 0.02 0.02 0 Bal. 

Al-5Mg 0.009 0 0.005 0.001 5.24 0 0.001 0.046 0.003 Bal. 

Al-7.5Mg 0.011 0 0.004 0.002 7.74 0 0.001 0.045 0.003 Bal. 

Al-10Mg 0.03 0.06 0 0.01 9.88 0 0 0 0 Bal. 
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2.2.2 Materials processing 

Two thermomechanical processing routes were conducted to fabricate samples with grain sizes 

ranging from ultrafine scale to coarse scale. In route Ⅰ, the as-homogenized materials were cold 

rolled to a final thickness of 1 mm. Disks with 10 mm in diameter and 0.8 mm in thickness were 

machined from the rolled sheets and then heavily deformed by high-pressure torsion (HPT) process 

at room temperature. All the disks were processed up to 5 rotations under a compressive pressure 

of 6 GPa at a speed of 0.2 rotation per minute (Fig. 2.1 (a)). The shear strain, γ, applied to the disk 

samples during the HPT process can be calculated as: 

γ =
2πNr

t
(2 − 1) 

where r is the radial position in the disk, N is the number of rotations and t is the thickness of the 

disk. Based on Eq. (2-1), the maximum shear strain applied to the materials by five rotations of 

HPT process can be as large as γ = 196. After HPT process, the samples were annealed at 

temperatures ranging from 175 ℃ to 400 ℃ for various holding time ranging from 5 s to 1.8 ks, 

and then immediately cooled in water. In route Ⅱ, the as-homogenized materials were cold rolled 

by 84~96% reduction in thickness to 1 mm or 2 mm, then annealed at 350 ℃ to 500 ℃ for 30 s to 

3.6 ks to obtain CG samples. 

 

Fig. 2.1 Schematic illustration of (a) constrained high-pressure torsion (HPT) process and (b) tensile sample cut 

from HPT-processed disk. 
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2.2.3 Microstructural characterizations 

After annealing, microstructural characterizations were undertaken by using a field-emission 

scanning electron microscope (FE-SEM, JEOL, JSM-7800F) equipped with backscattered electron 

(BSE) detectors operated at an accelerating voltage of 15 kV. The transverse sections of the HPT 

disks (containing the shear direction SD and the normal direction ND) and the rolled sheets 

(containing the rolling direction RD and the normal direction ND) were observed. For the HPT 

processed samples, the microstructures were studied at the areas of which distance from the center 

was larger than 2 mm to avoid microstructural inhomogeneity. All the samples for microstructural 

observation were firstly mechanical polished by using SiC abrasive grinding papers to achieve a 

mirror finish. Afterward, these samples were electrically polished in an electrolyte of 10% HClO4 

and 90% CH3OH with a voltage of 20 V at about −30 ℃. The mean grain sizes of the annealed 

samples were measured by a line intercept method on the BSE images. 

2.2.4 Tensile tests 

For the samples fabricated by HPT and annealing, tensile samples with gauge length of 2 mm, 

width of 1 mm and thickness of 0.5 mm were cut from the HPT disks (as illustrated in Fig. 2.1 (b)). 

The gauge part of the tensile sample was coincided to the position larger than 2 mm from the center 

of the disks to avoid microstructural inhomogeneity in the near center region. For the CG samples 

prepared by cold rolling and annealing, tensile samples with gauge length of 10 mm, width of 5 

mm and thickness of 1 mm or 2 mm were cut from the cold-rolled sheets. Tensile tests were 

conducted on a Shimadzu AG-X plus system with an initial strain rate of 8.3 × 10-4 s-1 at room 

temperature, and two samples were tested for each condition. Digital image correlation (DIC) 

method was used to precisely measure tensile strain in the tensile tests. The DIC technique was 

also used to analyze local deformation in the samples. Surfaces of the tensile samples were 
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decorated with finely sprayed black and white paint speckles which act as markers to track local 

displacement in the DIC analysis. During the tensile tests, images of the tensile samples were 

captured by a charge-coupled device (CCD) camera at a sampling rate of 10 frames per second. 

After tensile tests, the captured images were analyzed by using VIC-2D commercial software. 

2.3 Results 

2.3.1 Microstructures and microstructural evolution 

Fig. 2.2 – Fig. 2.5 exhibit the representative microstructures of Al-Mg alloys obtained by BSE 

observations. Fully recrystallized specimens having relatively homogeneous microstructures and 

different mean grain sizes were successfully fabricated. It is of value to note that the grain sizes 

fall into wide ranges. For Al-2.5Mg alloy, as shown in Fig. 2.2, the grain size steadily increased 

with increasing annealing temperature. UFG microstructures with mean grain size smaller than 1 

µm were easily attained, which suggested that high-density nucleation sites for recrystallization 

were introduced by the HPT process. The Al-2.5Mg samples fabricated in the present study all 

showed FCC single-phase. By contrast, for Al-5Mg alloy annealed at 225 ℃ which was below the 

solvus temperature (255 ℃), many precipitates appeared at the grain boundary (GB) regions, as 

indicated in Fig. 2.3 (a). The minimum grain size achieved was 0.61 µm (single-phase structure, 

as shown in Fig. 2.3 (b)) when annealed at 260 ℃ for 30 s since recrystallized grains grew fast 

under heat treatment. As the annealing temperature increased, the grain size quickly increased. As 

for Al-7.5Mg (Fig. 2.4) and Al-10Mg (Fig. 2.5) alloys, the development of recrystallized 

microstructures was very similar to that of Al-5Mg alloy. When annealing temperature was below 

the solvus temperature (310 ℃ for Al-7.5Mg and 355 ℃ for Al-10Mg), large amounts of 

precipitates appeared at GB regions. When annealing temperature was higher than the solvus 

temperature, the precipitates disappeared and the grains grew explosively. 
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Fig. 2.2 Representative BSE micrographs of the Al-2.5Mg alloy processed by HPT and subsequently annealed under 

different conditions. (a) HPT + 200 ℃ for 1.8 ks, (b) HPT + 225 ℃ for 1.8 ks, (c) HPT + 250 ℃ for 1.8 ks, (d) HPT 

+ 275 ℃ for 1.8 ks, (e) HPT + 300 ℃ for 1.8 ks and (f) HPT + 325 ℃ for 1.8 ks. 

 

Fig. 2.3 Representative BSE micrographs of the Al-5Mg alloy processed by HPT/cold rolling and annealed under 

different conditions. (a) HPT + 225 ℃ for 1.8 ks, (b) HPT + 260 ℃ for 30 s, (c) HPT + 300 ℃ for 1.8 ks, (d) HPT + 

325 ℃ for 1.8 ks, (e) HPT + 350 ℃ for 1.8 ks and (f) HPT + 400 ℃ for 1.8 ks. 
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Fig. 2.4 Representative BSE micrographs of the Al-7.5Mg alloy processed by HPT/cold rolling and annealed under 

different conditions. (a) HPT + 275 ℃ for 1.8 ks, (b) HPT + 300 ℃ for 1.8 ks, (c) HPT + 325 ℃ for 10 s, (d) HPT + 

325 ℃ for 1.8 ks, (e) HPT + 400 ℃ for 1.8 ks and (f) 90% CR + 400 ℃ for 1.8 ks. 

 

Fig. 2.5 Representative BSE micrographs of the Al-10Mg alloy processed by HPT/cold rolling and annealed under 

different conditions. (a) HPT + 325 ℃ for 1.8 ks, (b) HPT + 350 ℃ for 1.8 ks, (c) HPT + 375 ℃ for 30 s, (d) HPT + 

375 ℃ for 120 s, (e) 90% CR + 380 ℃ for 30 s and (f) 90% CR + 500 ℃ for 1.8 ks. 
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To investigate the effect of annealing temperature and Mg content on recrystallization of 

severely deformed Al-Mg alloys, the as-HPT processed samples were annealed at temperatures 

ranging from 175 ℃ to 375 ℃ for 1.8 ks and the structural evolution was examined. The evolution 

of mean grain size as a function of annealing temperature is plotted in Fig. 2.6. Note that the open 

symbols represent samples with precipitates. The mean grain size of Al-10Mg alloy annealed at 

375 ℃ for 120 s (indicated by the arrow in Fig. 2.6) is also included for comparison. It was found 

that the grain growth of Al-2.5Mg alloy was relatively slow when annealed at 275 ℃ or below, 

UFG structures could be easily attained by changing the annealing temperature and holding time. 

However, when annealed at temperatures higher than 275 ℃, the grain growth was significantly 

accelerated. By contrast, for Al-5Mg, Al-7.5Mg and Al-10Mg alloys, when the samples were 

annealed below the solvus temperatures, the grains grew rather slow since the precipitates could 

act as barriers to grain boundaries (GBs) migration. It should be noted that the solvus temperature 

for Al-Mg alloy increases with increasing Mg content and therefore a higher annealing temperature 

is indispensable for preparing precipitate-free samples. However, the annealing temperature has a 

dramatic influence on the rate of recrystallization. When annealing temperature was slightly higher 

than the solvus temperature, the grains grew explosively, even when annealed for a very short 

period (as indicated by the arrow), making it difficult to obtain UFG structures with single phase. 
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Fig. 2.6 Mean grain size of Al-Mg alloys processed by HPT and subsequently annealed at various temperatures for 

1.8 ks. The open symbols represent samples with precipitates and the grain size of Al-10Mg alloy annealed at 

375 ℃ for 120 s (indicated by the arrow) is also included for comparison. 

2.3.2 Mechanical properties 

Fig. 2.7 (a) – (d) shows the tensile nominal stress-strain curves of Al-2.5, 5, 7.5 and 10Mg 

alloys with different mean grain sizes, respectively. The yield strength (0.2% proof stress), ultimate 

tensile strength (UTS) and uniform elongation (UE) were determined from the nominal stress-

strain curves. Generally, there is a trade-off relationship between strength and ductility in metallic 

materials, and the Al-Mg alloys in this study also show the same tendency. 

For the Al-2.5Mg samples, the yield strength increased with decreasing the mean grain size, 

which is the well-known Hall-Petch effect [12,13]. The as-HPT processed sample with the 

minimum grain size exhibited very high strength (670 MPa) but limited uniform elongation (1.7%), 

which was a typical feature of severely deformed metallic materials due to the high dislocation 

density that limited work-hardening ability [8]. When the grain size was 0.24 μm, a decrease in 

both tensile strength (480 MPa) and ductility (0.5%) had been observed compared to the as-
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deformed condition. This behavior was opposite to that in conventional materials since it was 

commonly accepted that annealing normally led to a decrease in strength and an increase in 

ductility, which could be attributed to the removal of mobile dislocations during annealing at 175 ℃ 

[14]. The tensile stress-strain curves for samples having grain sizes of 0.35 μm and 0.47 μm 

exhibited high UTS at a small tensile strain, a sharp drop of the stress (yield drop phenomenon) 

and a gradual decrease in the flow stress were observed in samples having grain sizes of 0.35 μm 

and 0.47 μm, respectively, due to early necking of these samples. When the grain size increased to 

0.69 μm, an unprecedentedly large Lüders strain around 0.2 was found. In addition, this sample 

regained relatively good work-hardening ability, manifested by a small portion of uniform 

elongation after Lüders deformation. So that necking was significantly postponed, indicating a 

good balance between strength and ductility could be achieved in this UFG sample. When the 

grain size furthermore increased to 1.59 μm or 4.17 μm, the yield point phenomenon still appeared 

but the Lüders strain decreased with increasing grain size, which suggested that the Lüders strain 

had an inverse dependence on the grain size [15]. The yield point phenomenon and Lüders 

deformation disappeared when the grain size became coarser than 4.2 μm, which was a typical 

stress-strain behavior in CG Al-Mg alloys. It was noteworthy that the yielding behavior changed 

from continuous yielding to discontinuous yielding with Lüders deformation, with decreasing the 

grain size. Meanwhile, the tensile ductility slightly increased when the grain size decreased from 

9.01 μm to 1.59 μm, then abruptly dropped when the grain size became smaller than 0.5 μm. 

Similarly, for the Al-5Mg, Al-7.5Mg and Al-10Mg samples, the yield strength also increased 

with refining the grain size. The nominal stress-strain curves obtained also exhibited remarkable 

transitions of yielding behavior and Lüders deformation, with decreasing the grain size. No early 

necking phenomenon was observed since the minimum grain sizes of these fully recrystallized 
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materials with single-phase structure were larger than 0.6 µm, due to the rapid grain growth under 

heat treatment. These recrystallized grains provide sufficient space for dislocation storage, 

resulting in good work-hardening capability and promising tensile ductility. It is therefore 

reasonable to anticipate large Lüders deformation and even early necking in these materials under 

the prerequisite that such small recrystallized grain size can be achieved. For those tensile samples 

with Al3Mg2 precipitates, as indicated in the figures, there was no significant particle strengthening 

effect, which could be concluded from the comparison of stress levels between Al-10Mg samples 

having grain size of 1.4 µm (with precipitates) and 4.1 µm. These two samples exhibited similar 

stress level although the grain sizes were quite different. It is generally accepted that for Al-Mg 

samples having similar grain size, the stress level is expected to decrease at the presence of Al3Mg2 

precipitates due to the Mg-rich precipitates dilute the solute content within the grains and therefore 

decrease the contribution from solid solution hardening. Accordingly, the mechanical properties 

of Al-Mg samples having precipitates were not used for the proceeding analysis. 

Several characteristic deformation behaviors can be observed in Al-Mg alloys having different 

Mg contents. One is that a well-defined yield point phenomenon, in some cases followed by Lüders 

deformation, has been observed. It should be noted here that the yield point phenomenon appears 

in coarser grained samples with increasing Mg content. It is also noteworthy that the work-

hardening capacity increases with increasing Mg content, but the detailed mechanism has not been 

perfectly clarified yet. Another interesting phenomenon is that serrated flow is commonly observed 

in tensile deformation of Al-Mg alloys, which is also understood in terms of the PLC effect. The 

features of serrated flow also exhibit remarkable dependence on grain size and Mg content. 

Understanding the mechanisms of serrated flow is essential but beyond the scope of this chapter, 

detailed investigation will be introduced in Chapter 4. 
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Fig. 2.7 Nominal stress-strain curves of the studied alloys with different mean grain sizes, obtained by tensile tests at 

room temperature. (a) Al-2.5Mg, (b) Al-5Mg, (c) Al-7.5Mg and (d) Al-10Mg. 

2.3.3 Hall-Petch relationship for yield stress 

The strength-structure relationship was evaluated via the Hall-Petch relationship by relating the 

yield strength to the reciprocal square root of grain size: 

σYS = σ0 + kHPd
−1 2⁄ (2 − 2) 

where σYS is the yield strength, σ0 is the friction stress, kHP (the Hall-Petch slope) is a constant that 

describes the relative strengthening contribution of GBs and d is the mean grain size of the material. 

When the σYS of Al-Mg alloys obtained from tensile tests at room temperature were plotted as a 

function of d-1/2, the Hall-Petch relationship could be well described, as shown in Fig. 2.8 (a) – (d). 
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The friction stress and Hall-Petch slope for each material were determined by fitting the 

experimental data with Eq. (2-2). Note that the open symbols represent specimens with precipitates 

and the corresponding data points are not included for fitting. In order to make a more intuitive 

comparison, the Hall-Petch plots of Al-Mg alloys having different Mg contents are summarized in 

Fig. 2.8 (e), in which the data of pure Al (99.2 wt.%, defined as 2N Al) [16] obtained by 

accumulative roll-bonding/cold rolling and annealing are also plotted. 

Characteristic features of the Hall-Petch plots can be seen in Fig. 2.8 (e), and three conclusions 

can be obtained accordingly. Firstly, the σYS and d-1/2 for each Al-Mg alloy can be correlated with 

a two-stage Hall-Petch relationship. Although the Hall-Petch relationship has been widely verified 

in various materials, multi-stage Hall-Petch relationships were detected only in some special 

materials with well recrystallized structures or low-density defects, i.e. Al [17], IF steels [18] and 

Cu [19]. Two distinct Hall-Petch relations are obtained depending on the average grain size range, 

discontinuous yielding behavior resulted a much higher Hall-Petch slope than continuous yielding. 

The positive deviation of the yield strength became more pronounced as the mean grain size further 

decreased, which is also known as extra hardening phenomenon [20]. In particular, the Hall-Petch 

slope in fine grain-size regime is about two times that in coarse grain-size regime for all Al-Mg 

alloys studied here. Secondly, there exists a critical grain size which divides the Hall-Petch 

relationship into two stages and the magnitude of the critical grain size increases with increasing 

Mg content. Thirdly, it should be noted that the data points for Al-Mg alloys deviate from the Hall-

Petch relation for 2N Al and can be fitted to give higher Hall-Petch slopes and friction stresses in 

the CG regime. Mg content-dependent Hall-Petch relationships were observed, indicating that 

adding Mg atoms to Al matrix is effective in enhancing both friction stress and GB strengthening 

due to an increased Hall-Petch slope (as shown in Fig. 2.8 (e)). Therefore, the effects of solute Mg 
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on the Hall-Petch slope and friction stress must be evaluated separately when considering the yield 

strength of polycrystalline Al-Mg alloys, even if the grain size can be controlled to be same. 
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Fig. 2.8 Hall-Petch relationships of the alloys studied: (a) Al-2.5Mg, (b) Al-5Mg, (c) Al-7.5Mg, (d) Al-10Mg and 

(e) all alloys. Note: Open symbols represent specimens with precipitates. 

To develop a complete picture of solid solution hardening, the relative contributions of GB 

strengthening and solid solution hardening were extracted. The friction stress σ0 obtained from 

Hall-Petch plots at CG regimes are the combined contributions of lattice friction of pure Al and 

solid solution hardening from solute atoms, in which the GB strengthening is not included. For the 

99.999 wt.% Al, the friction stress σAl = 5.5 MPa was experimentally determined for pure Al [21]. 

Thus, an estimation of the solid solution strengthening owing to Mg addition can be obtained from 

the variation of friction stress σ0 for different Al-Mg alloys, as shown in Fig. 2.9. The friction 

stress increases almost linearly with an increase in Mg content, indicating linear solid solution 

hardening. And the solid solution strengthening due to Mg addition can be expressed as: 

σss = σ0 − σAl = HC0 (2 − 3) 

where σss is strength contribution from solute atoms, H is an experimental constant (= 14.9 MPa / 

wt.% Mg, which is almost the same as that reported by Lloyd and Court [22]) and C0 is the content 

of the solute Mg in weight percent. The linear relationship obtained in this study would be valuable 
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to evaluate the strength contribution of solid solution strengthening in Al-Mg alloys at room 

temperature under quasi-static deformation. 
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Fig. 2.9 Effect of Mg content on friction stress in Al-Mg alloys at room temperature under quasi-static deformation. 

On the other hand, complicated effect of Mg contents on the Hall-Petch slopes in Al-Mg alloys 

were observed, as shown in Fig. 2.10. The Hall-Petch slope is as small as 26.7 MPa∙μm1/2 for 2N 

Al, but it increases to 124.7 MPa∙μm1/2 by only a minor addition of Mg atoms up to 2.5 wt.%, 

indicating that the presence of solute Mg atoms significantly enhances the GB strengthening effect. 

This influence of alloying elements on Hall-Petch slope in Al-Mg alloys was in agreement with 

the results from certain Cu-base alloys [24] and Fe-base alloys [25,26]. However, no further 

increase in Hall-Petch slope was found as Mg content increased from 2.5 to 10 wt.% and the Hall-

Petch slope exhibited a practically constant value, which was the case for both coarse grain-size 

regime (continuous yielding) and fine grain-size regime (discontinuous yielding). This means that 

a small amount of Mg addition can lead to a large increase in the Hall-Petch slope of Al-Mg alloys, 

but the effect of Mg atoms on GB strengthening may have already reached saturation in Al-2.5Mg 
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alloy. It can be concluded that other strengthening mechanism must operate in addition to GB 

strengthening. 
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Fig. 2.10 Relationship between Hall-Petch slope and Mg content. 

2.3.4 Hall-Petch relationship for flow stress 

The flow stress σ(ε) at a particular strain is also related to the grain size by the equation: 

σ(ε) = σ0(ε) + k(ε)d−1 2⁄ (2 − 4) 

where σ0(ε) and k(ε) are constants at a given true strain. Fig. 2.11 (a) – (d) show the yield stress 

and flow stress at selected strains (ε=0.05, 0.1, 0.15 and 0.2) plotted against the reciprocal square 

root of the grain size for Al-2.5, 5, 7.5 and 10Mg alloys. The flow stress for some UFG samples 

are not included due to the uniform elongation is too small to measure the flow stress from the true 

stress-strain curves. It is apparent that there is a large decrease in the Hall-Petch slope immediately 

after yield comparing to the Hall-Petch slope for the yield stress in the fine grain-size range. Due 

to the higher Hall-Petch slope for the yield stress in the fine grain-size range, the yield stress 

increases more rapidly than the flow stress with decreasing the grain size. When the yield stress 
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exceeds the extrapolated flow stress, a strain localization occurs at the onset of yielding, which 

corresponds to the discontinuous yielding in the present study. 
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Fig. 2.11 Hall-Petch plots at different strains for (a) Al-2.5Mg, (b) Al-5Mg. (c) Al-7.5Mg and (d) Al-10Mg. 

The effects of Mg contents on the Hall-Petch slope values of Al-Mg alloys for flow stresses 

over a range of strains were also investigated, as shown in Fig. 2.12. For Al-2.5, 5 and 7.5Mg 

alloys, the Hall-Petch slope shows a decrease after yield, but then remains practically constant up 

to true strain of 0.2, indicating that the strain dependence is quite low. Moreover, it was noteworthy 

that increasing Mg content does not have a significant effect on the Hall-Petch slopes for flow 

stresses in Al-2.5, 5 and 7.5Mg alloys. Whereas the measurements on Al-10Mg alloy provide a 

contrast in the effect of strain on the Hall-Petch slope: there is a gradual increase as deformation 
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proceeds. The variations in Hall-Petch slope may have their cause in strengthening mechanisms 

that contribute to the flow stress in addition to GB strengthening. This result indicates that the 

tensile response of Al-10Mg alloy is quite different with those of Al-Mg alloys having lower Mg 

contents, and the peculiarity can also be confirmed in the stress-strain curves of Al-10Mg (Fig. 2.7 

(d)), there is no pronounced serrated flow at small and intermediate strains. 
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Fig. 2.12 Variation in Hall-Petch slope for different strains in Al-Mg alloys. 

2.3.5 Uniform elongation and work-hardening behavior 

Fig. 2.7 has clearly shown the trade-off relationship between strength and ductility in Al-Mg 

alloys. The change of the tensile elongation especially the uniform elongation in the fine grain-

size regime is difficult to predict due to a drastic drop of uniform elongation accompanying with 

early plastic instability. It is thus important to determine an optimal grain size at which superior 

strength-ductility balance can be achieved. Since no early necking was observed in Al-5, 7.5 and 

10Mg alloys having single-phase structure (limited by the minimum grain size fabricated), Al-

2.5Mg alloy was selected as a representative to discuss the effect of gain size and solute Mg on the 

uniform elongation of Al-Mg alloys by comparing with 2N Al. The uniform elongation and Lüders 
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strain of Al-2.5Mg and 2N Al samples are plotted as a function of the reciprocal square root of 

grain size, as shown in Fig. 2.14 (a). For Al-2.5Mg alloy, the uniform elongation slightly increased 

first and then continuously decreased with decreasing the mean grain size from 9.01 µm to 0.69 

µm. A drastic drop in the uniform elongation occurred when the grain size became smaller than 

0.5 µm. When the grain size was smaller than 0.5 μm, the uniform elongation became very low, 

smaller than 0.01. Meanwhile, Lüders deformation appeared in samples having grain size smaller 

than 4.17 µm, and the Lüders strain increased with decreasing grain size. The Lüders strain slightly 

increased when the mean grain size decreased from 4.17 µm to 1.59 μm. When the grain size 

furtherly decreased to around 0.69 μm, the Lüders strain dramatically increased and became nearly 

the same as uniform elongation. However, as the grain size drops below 0.5 μm, early necking 

occurred immediately after yielding so that Lüders deformation was not observed. The sudden 

drop occurred in a very narrow grain size range (between 0.69 μm and 0.47 μm). The uniform 

elongation and Lüders strain in 2N Al exhibits similar tendency with decreasing the mean grain 

size. The sudden drop in uniform elongation has also been found in 2N Al. However, early necking 

occurred in sample having grain size around 1.2 μm. The critical grain size for the appearance of 

abrupt drop in uniform elongation decreased with increasing Mg content. Al-Mg alloys with higher 

Mg contents and finer grain sizes will be fabricated in the future to verify the predictive results. 

As mentioned in the previous part that the drastic loss in uniform elongation of the UFG samples 

was related to the early plastic instability associated with the occurrence of discontinuous yielding 

behavior. The strain localization of Al-2.5Mg samples at the selected stages during tensile 

deformation was characterized by the DIC technique to confirm the relation between the Lüders 

deformation and uniform elongation. The stress-strain response of four representative samples and 

corresponding strain distribution maps at various global tensile strains obtained from DIC 



44 
 

measurements are shown in Fig. 2.13 (b) and Fig. 2.13 (c), respectively. One can easily realize the 

strain distribution at selected strain stage in the tensile deformation from the contour map. The 

measured average strain along the gauge length does not represent the actual strain experienced in 

the deformed region. The DIC analysis showed that the strain localization became more and more 

severe with decreasing grain size. At the grain size around 0.69 μm, the strain at which the flat part 

with a constant flow stress ended was notably high in this sample and the Lüders strain became 

nearly the same as uniform elongation. It can be expected that the Lüders strain will continue to 

increase when the grain size becomes smaller than 0.69 μm and finally becomes higher than the 

uniform elongation, leading to a drastic drop in the uniform elongation. And actually it is the case, 

in the sample having grain size of 0.47 um, as indicated in Fig. 2.13 (b), the local strain exceeds 

the uniform elongation at the inflection point (e = 0.05, within this strain range the localized 

deformation could be treated as nucleation and propagation of a Lüders band). The DIC results 

suggest that the way plastic strain is accommodated has a strong influence on the tensile elongation. 
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Fig. 2.13 (a) Uniform elongation and Lüders strain of the Al-2.5Mg and 2N Al samples plotted as a function of 

the reciprocal square root of grain size. (b) Representative nominal stress-strain curves of Al-2.5Mg samples 

showing discontinuous yielding behavior; (c) Strain distribution maps at the selected stages during tensile 

deformation of the Al-2.5Mg samples. 

To investigate why adding solute Mg atoms leads to improved strength and ductility synergy, 

the tensile response of Al-2.5Mg and 2N Al samples having similar grain sizes are compared, as 

displayed in Fig. 2.14 (a). It is evident that the Al-2.5Mg samples show larger tensile ductility, as 

well as higher tensile strength than those of 2N Al having similar grain sizes. Especially for Al-

2.5Mg alloy with grain size of 0.69 mm, a large Lüders strain around 0.2 was observed, followed 

by a small portion of uniform elongation, leading to large elongation. By contrast, for 2N Al with 



47 
 

similar grain size (d = 0.83 mm), the tensile stress-strain curve exhibited a sharp drop of the stress 

and then gradually decreased in the flow stress due to early necking of the sample. As a result, the 

elongation was much smaller than that of Al-2.5Mg alloy. It is well known that tensile strength 

and tensile elongation (especially, uniform elongation) are significantly affected by the work-

hardening rate. Thus, the work-hardening behaviors of Al-2.5Mg alloy and 2N Al having similar 

grain size were investigated, as exhibited in Fig. 2.14 (b). It was notable that the work-hardening 

rate significantly increased with Mg addition, resulting in large uniform elongation. 
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Fig. 2.14 (a) Nominal stress-strain curves, (b) true stress-strain curves and corresponding work-hardening curves of 

the Al-2.5Mg and 2N Al alloys with similar grain sizes. 

2.4 Discussion 

2.4.1 Strengthening mechanisms in Al-Mg alloys 

The results obtained from present study have shown that both grain refinement and Mg addition 

could effectively enhance the yield strength of Al-Mg alloys. It is reasonable to consider that the 

yield strength of fully recrystallized Al-Mg alloys can be determined by adding the contribution of 

solid solution strengthening and GB strengthening to the lattice friction of pure Al, since particle 

strengthening and dislocation strengthening can be neglected in these fully recrystallized samples 

with single-phase structure. The yield strength of Al-Mg alloys can therefore be expressed as: 

σYS = σAl + σSS + σGB (2 − 5) 

where σAl, σSS and σGB are strength contributions from the lattice friction, solute atoms and GBs, 

respectively. 

In conventional dislocation theory, it is considered that solute atoms in a crystal lattice act as 

obstacles for dislocation motion, mainly due to elastic fields around them. There are a number of 
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theories describing the traditional solid solution strengthening mechanism, such as the classical 

Fleischer theory [27], which applies mostly for dilute alloys; the Labusch theory [28], which 

extends the analysis to more concentrated solutions, etc. Any of these models is sufficient to offer 

a basic physical view of solid solution strengthening. Note that these models are strictly valid for 

solid solution hardening at 0 K. Solute atoms influence the elastic energy of a dislocation due to 

both local size and modulus changes and act as obstacles to dislocation motion. Thus, the friction 

stress of metallic materials is composed of two components, thermal component which increases 

with lowering temperature and non-thermal component which is changeable depending on solute 

contents (a dependence on c1/2 for Fleischer model and c2/3 for Labusch model, respectively). A 

simpler model is preferred in order to calculate the solid solution strengthening at room 

temperature. Fig. 2.9 shows the relationship between the friction stress s0 obtained from Hall-

Petch plots and Mg contents. The solid black line is a fitting line with a correlation of more than 

0.997. The linear relationship (Eq. (2-3)) is found to be applicable and more convenient to evaluate 

the strength contribution of solid solution strengthening in Al-Mg alloys at room temperature under 

quasi-static deformation. 

GBs also act as barriers to dislocation motion. The contribution of the GB strengthening to the 

strength depends on the spacing between boundaries and their resistance to dislocation glide. The 

strength increment by grain size refinement is well described by the Hall-Petch relationship, as 

shown in Fig. 2.8. Extra hardening phenomena were observed in Al-Mg alloys and 2N Al with 

decreasing the grain size, discontinuous yielding behavior resulted a much higher Hall-Petch slope 

than continuous yielding. Extra hardening phenomenon is relevant to the discontinuous yielding 

behavior, which is generally induced by the shortage of mobile dislocations in recrystallized grains 

[9]. In the case of UFG structure, the density of GBs is significantly higher in contrast to the CG 
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counterpart, in parallel, dislocation sources exist generally in the grain boundaries since the finite 

grain interior is short of dislocations. In this case, high stress is required to activate the dislocation 

sources. Once activated, lower stress is capable of gliding these generated dislocations. Such 

plastic deformation should initiate in a local region and therefore the yield point phenomenon 

appears. As a result, the measured yield strength deviates from the value as predicted by 

conventional Hall-Petch relationship, exhibiting extra hardening behavior. Based on the 

cooperation of solid solution hardening and GB strengthening mechanisms, a good combination 

of strength and ductility in Al-Mg alloys could be achieved through combining optimized grain 

refinement with Mg addition. It is also noteworthy that precise measurement of the Hall-Petch 

slopes in Al-Mg alloys and 2N Al shows a lower Hall-Petch slope in the latter, where other 

strengthening mechanism must operate in addition to GB strengthening. 

2.4.2 Effect of solute Mg on Hall-Petch slope for yield stress 

The addition of Mg atoms contributes not only to solid solution strengthening but also to 

enhanced GB strengthening due to the increase in Hall-Petch slope, as shown in Fig. 2.10. It is 

generally accepted that the dislocation pile-up theory can explain the yielding phenomenon in CG 

polycrystalline metals. Following the pioneering work by Hall [12] and Petch [13], many 

experimental and theoretical studies have been conducted to show the linear relationship between 

yield stress and reciprocal square root of grain size, as shown in Eq. (2-2). In the dislocation pile-

up model, the Hall-Petch slope kHP can be expressed as following equation: 

kHP = M√
2τcμb

πk
(2 − 6) 

where M is the Taylor factor, τc is the critical stress to activate the Frank-Read source of 

neighboring grain, µ is the shear modulus, b is the Burgers vector, and k is a constant depending 
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on the character of dislocation (edge/screw). GBs act as barriers against dislocations generated 

from a Frank-Read source, at the same time they work as dislocation sources when the pile-up 

stress has exceeded τc. In the present study, comparing to pure Al, the addition of Mg atoms 

significantly enhances the strengthening effect of GBs. According to Eq. (2-6), the increase in kHP 

should be derived from the increment of τc because the other parameters, µ and b, are almost 

independent of the addition of solute Mg [29]. That is to say, the addition of solute Mg enhances 

the resistance of GB to plastic deformation. It was noteworthy that the values of kHP reaches a 

plateau when the global Mg content exceeds 2.5 wt.%. The critical stress to activate the Frank-

Read source of a neighboring grain should increase with increasing Mg content according to the 

general scaling law describing the strength of a metal pertains to the spacing and strength of 

obstacles encountered by dislocations. Therefore, the Hall-Petch slope should also increase with 

increasing Mg content, but this does not explain the experimental results. The subsequent plateau 

of kHP values suggests that GB strengthening may have reached saturation despite the continued 

increase in global Mg content. Measurements of larger Hall-Petch slope values might be 

interpreted in terms of the solute atoms segregating to the GB regions analogous to the situation 

for adding Ni to IF steel [26]. Akama et al [30] also reported that the Hall-Petch slope, significantly 

increases with increasing carbon content up to 60 ppm in ferritic steel, and explained that this was 

caused by the segregation of carbon at the GB regions. On the other hand, Murdoch and Schuh 

[31] had reported that Mg has a positive enthalpy of segregation in Al and would therefore have 

an energetic preference to segregate to the GBs. These reports enable us to consider that Mg atoms 

may segregate to GBs during annealing, which enhance the stability of the dislocation emission 

site at GBs. 
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According to the modified Langmuir-McLean segregation isotherm [32,33], the equilibrium 

GB segregation level (Xi
GB) in Al-Mg binary alloy can be given by: 

Xi
GB

Xi
GB∗ − Xi

GB
=

Xi
1 − Xi

exp (−
∆Gi,T
kT

) (2 − 7) 

where Xi
GB∗ is the saturation limit of the GB, Xi is the atomic fraction of solute atoms in the matrix, 

∆Gi,T is the Gibbs energy of segregation of solute atoms at GB, k is the Boltzmann constant and T 

is the given temperature. Note that this equation is generally believed to be well accordance with 

the GB segregation levels in sufficiently annealed alloys since the validity has been experimentally 

demonstrated [32]. However, in practical annealing situations, the solute atoms seldom have 

sufficient time to reach full equilibrium GB segregation level. To calculate the GB segregation 

levels in Al-Mg alloys, the following assumptions were made: (Ⅰ) there is little effect from other 

trace elements and the samples were taken as Al-Mg binary alloys; (Ⅱ) all samples in this study 

have reached equilibrium GB segregation during annealing. It must be pointed out that 

experimental examinations have demonstrated the remarkable and complex effects of GB 

misorientation/types on GB segregation of solutes [32,34]. GB structures typically exhibit a 

diverse set of atomic environments, and thus a wide spectrum of segregation energies. Therefore, 

the calculated GB segregation levels should reflect the average value of all GBs. Due to the 

difficulties in calculating the average GB segregation while taking different GB structures into 

account, a special GB is selected to represent the tendency of GB segregation behavior. The values 

of the parameters for calculating GB segregation levels are listed in Table. 2-2. 

Table 3-2 Summarized values of the parameters for calculating GB segregation in this work. 

Grain boundary Xi
GB∗ ∆Gi,T / eV Ref. 

Σ17(530)[001] tilt 0.166 0.281 [35] 
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Fig. 2.15 The calculated GB segregation levels corresponding to the experimental conditions in which Hall-Petch 

relationship is determined 

Fig. 2.15 summarizes the calculated GB segregation levels under the experimental conditions 

in which the Hall-Petch relationships were determined. The deviations from the GB segregation 

free line reflect the magnitude of GB segregation. It is indicated that Mg atoms show clear GB 

segregation. At a given annealing temperature, a sharp increase in the solute content at GB regions 

occurred over the global composition range of 0~2.5 wt.% Mg, indicating that Mg atoms 

predominately segregate to GBs with only a few Mg atoms apparent within the grains at low solute 

contents. Further increase in the global concentration toward a plateau of solute content at GBs, 

which suggests that GB segregation has reached maximum. The temperature dependence shows 

that a lower annealing temperature can increase GB segregation levels, which further decreases 

the global concentration needed to reach GB saturation since Al-Mg alloys with lower Mg contents 

were annealed at relatively lower temperatures. The majority of the Mg atoms initially segregate 

to the GBs at low solute contents, and subsequent Mg additions are accommodated in the grain 

interiors due to solute saturation of the GBs. This tendency is consistent with the solute-dependent 
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Hall-Petch slope exhibited in Fig. 8. The GB strengthening increments due to Mg addition can 

thus be understood in the context of solute segregation altering the nature of the GBs and enhancing 

the GB resistance against dislocation glide. 

The Hall-Petch slope for fine-grained Al-Mg samples exhibits similar trend as that in CG 

counterparts. Although the dislocation pile-up model has been frequently quoted to explain the 

Hall-Petch relationship, there exist some limitations of this model that pile-up was not frequently 

observed, especially in UFG metallic materials. These led Li to propose the GB source model [36]. 

As described by the GB source model, dislocations are generated at GB ledges and all these 

dislocations form dislocation forests in grain interiors. Accordingly, the Hall-Petch relationship 

can be written as: 

σY = σ0 +Mαμb(8m π⁄ )1 2⁄ d−1 2⁄ (2 − 8) 

Hence, the Hall-Petch slope kHP based on the grain boundary source model is expressed as: 

kHP = Mαμb(8m π⁄ )1 2⁄ (2 − 9) 

where M is the Taylor factor, α is a constant, μ is the shear modulus, b is the magnitude of Burgers 

vector and m is the GB ledge density. According to Eq. (2-9), the increase of kHP by the addition 

of Mg atoms should result from the increment of m because the other parameters, α, μ and b, are 

almost independent of the addition of Mg. Fig. 10 shows that there is an increase in Hall-Petch 

slope for the fine grain-size range, but continued increase in Mg content does not lead to further 

increase in Hall-Petch slope. Based on the GB source model, the GB ledge density might have 

already reached saturation in Al-2.5Mg alloy. In polycrystalline Al-Mg alloys, it is probable that 

yielding starts by dislocation emission at GBs and that Mg has a significant influence on the 

mechanism of GB strengthening. However, regarding the discussion of the Hall-Petch relation in 

UFG materials, the grain-size dependence of GB segregation behavior of alloying elements and 
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GB ledge density should be taken into consideration. The solute concentration at GB regions will 

decrease drastically with decreasing grain size, because the GB area per unit volume increases 

with decreasing grain size. Whereas the GB ledge density is expected to increase with decreasing 

grain size. These two factors make it much more complicated interpret the changes in Hall-Petch 

slope. 

The mechanism of enhanced GB strengthening due to solutes segregation has not been fully 

clarified yet, especially in UFG materials, further experimental and theoretical investigations need 

to be done in the future clarify the mechanism of yielding phenomenon in Al-Mg alloys. 

2.4.3 Hall-Petch slope for flow stress 

Fig. 11 has shown that the grain size dependence of the yield stress is stronger than that of the 

flow stress at strains beyond yield. This feature has been noted previously in Al-Mg alloys 

exhibiting yield point phenomena [22]. The strong grain size dependence of the yield stress 

primarily reflects difficulty in initiating plastic flow and Lüders band propagation. The strength-

structure relationship expressed in Eq. (2-4) is based on the grain size as the strength-determining 

structural parameter, without considering other structural features influencing the strength such as 

dislocations. For Al-2.5, 5 and 7.5Mg alloys, the Hall-Petch slope for flow stress decreases to a 

value around 100 MPa∙µm1/2 after yield and remains practically constant up to 0.2 strain. In this 

case, the main effect of strain is simply an increase in intercept stress σ0(ε) which is independent 

of the grain size. It indicates that, in spite of the development of obstacles within a grain as strain 

proceeds, the grain boundary resistance to slip band formation remains an important factor in the 

flow stress and dislocation locking induced by solute Mg continues to determine the grain 

boundary strength even after considerable plastic deformation. By contrast, in the case of Al-10Mg 

alloy, the gradual increase in Hall-Petch slope represents an effect of work hardening. The high 
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work-hardening rate in Al-10Mg alloy increases the difficulty of operating a dislocation source 

and so Hall-Petch slope increases as deformation proceeds. 

2.4.4 Drastic drop in uniform elongation 

In this study, it has been found that the uniform elongation of Al-2.5Mg alloy abruptly drops 

below 0.01 as the mean grain size decreases down to values smaller than 0.5 µm, as shown in Fig. 

13 (a). The limited uniform elongation of UFG samples can be attributed to the low work-

hardening ability and explained in terms of plastic instability. Plastic instability condition is 

expressed as: 

σ ≥
dσ

dε
(2 − 10) 

where σ is flow stress, ε is true strain, and dσ/dε is work-hardening rate. According to the plastic 

instability condition, necking will occur when the flow stress becomes larger than the work-

hardening rate. The strain to satisfy plastic instability condition can be influenced by several 

factors in fine grain-size regime: (Ⅰ) The yield stress increases with decreasing grain size without 

any accompanying increase in work-hardening rate, so the strain to satisfy plastic instability 

condition will be reduced; (Ⅱ) The level of inhomogeneous flow increases with decreasing grain 

size and over this Lüders strain the flow stress is constant and global work hardening-rate is zero. 

Of course on a micro level work hardening does occur, since plastic flow is happening at the front 

of the Lüders band and work hardening occurs locally to stabilize the reduced specimen cross 

section. Both factors result in the condition being satisfied at reduced strain. As shown in Fig. 14 

(a), when the grain size becomes smaller than 4.17 µm, the uniform elongation of Al-2.5Mg 

samples decreases with decreasing the grain size, whereas the Lüders strain increases with 

decreasing the grain size. At the grain size around 0.69 μm, the Lüders strain becomes nearly the 

same as uniform elongation. It is expected that the Lüders strain will continue to increase when 
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the grain size becomes smaller than 0.69 μm and finally overtakes the uniform elongation, leading 

to a drastic drop in the uniform elongation. It has been verified in sample with grain size of 0.47 

µm, the local strain exceeds the uniform elongation at the inflection point of the stress-strain curve, 

as indicated in Fig. 14. The present results suggest that the way localized strain is accommodated 

has a strong influence on the uniform elongation. Comparing to 2N Al, adding Mg to Al matrix 

can postpone the occurrence of dramatic drop in uniform elongation with decreasing the grain size, 

retaining enough uniform elongation in UFG Al-2.5Mg samples. This is because the work-

hardening ability increases with increasing Mg content, which can alleviate the strain localization 

and accommodate large plastic strains. It can be concluded that the abrupt drop of uniform 

elongation in Al-Mg alloys is due to the rapidly increased localized strain, which is caused by the 

discontinuous yielding behavior, eventually exceeds the uniform elongation with decreasing grain 

size. 

2.4.5 Effect of solute Mg on work hardening 

It is noted that the addition of solute Mg can postpone the occurrence of sudden drop in uniform 

elongation with decreasing the grain size (2.13 (a)). This is because the work hardening is 

enhanced, as shown in Fig 14 (b). The difference in the work-hardening behaviors suggests that 

the dislocation motion associated with deformation in these materials is different. But what is the 

mechanism of enhanced work hardening with Mg addition? The most frequently quoted 

explanation is based on a viewpoint of stacking fault energy (SFE). Due to the high SFE of pure 

Al (150 mJ/m2 [37]), dynamic recovery can easily take place through the cross slip of dislocations 

and the dislocation cell structure forms during deformation [10,38]. This cell structure has a low 

dislocation storage capacity [10], that’s why pure Al exhibits low work hardening during tensile 

deformation (Fig. 14 (b)). Many investigations had been carried out on the microstructure 
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evolution and work hardening in Al-Mg alloys [39,40], and it had been revealed that the addition 

of solute Mg could inhibit cell structure formation. The conventional view considers that the SFE 

decreases with increasing Mg content, which results in the recombination of partial dislocations 

becoming difficult, thus limiting dislocation cross slip [2,10,41,42]. However, a comparative study 

on the work hardening of Al-Mg and Al-Cu alloys questioned the role of Mg in decreasing SFE 

because no significant difference in dislocation structures and work hardening behaviors were 

detected, in spite of the opposite effects of Mg and Cu on the SFE of Al [43]. If the explanation 

based on SFE is established, adding Cu should increase the SFE of Al and therefore well-defined 

cell structures would form in Al-Cu alloy. But the dislocation structure in Al-Cu alloy is very 

similar to that observed in Al-Mg alloy. Thus, an alternative interpretation is proposed that the 

microstructure evolution in Al alloys is controlled by solute-dislocation interactions rather than 

the stacking fault-induced barriers for dislocation cross slip. The solute-dislocation interactions 

are particularly enhanced in Al-Mg alloys due to the large atomic size mismatch (12%) between 

Al and Mg atoms which arises severe lattice distortion. As a result, the Peierls potential for 

dislocation motion can be largely fluctuated and the lattice friction becomes very large [44]. Solute 

effects increase the friction stress and thereby hinder dislocation cross slip, like lowering the SFE. 

It is considered that Mg atoms play a vital role in the accumulation of dislocations and therefore 

the work-hardening rate in Al-Mg alloys because of solute-dislocation interactions. 

2.5 Conclusions 

Fully recrystallized Al-2.5, 5, 7.5 and 10Mg alloys with different mean grain sizes ranging from 

0.24 µm to 134 µm were fabricated by HPT/cold rolling and subsequent annealing. The combined 

effects of grain size and Mg contents on the mechanical properties and strengthening mechanisms 
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in Al-Mg alloys were systematically investigated by quasi-static tensile tests at room temperature. 

The main conclusions are summarized as follows: 

(1) In all the Al-Mg alloys, the yield strength significantly increases with refining the grain 

size. Meanwhile, the yielding behavior changes from continuous yielding to discontinuous 

yielding with Lüders deformation, with decreasing the grain size. 

(2) Two-stage Hall-Petch relationship was obtained in each Al-Mg alloy, where extra 

hardening phenomenon accompanying with discontinuous yielding were observed in the 

fine-grained alloys. The extra hardening phenomenon is generally induced by the shortage 

of mobile dislocations in recrystallized grains. 

(3) The addition of Mg atoms contributes not only to solid solution hardening but also to 

enhanced grain boundary strengthening manifested by an increase in the Hall-Petch slope. 

Grain boundary segregation of solute Mg can alter the nature of grain boundaries and 

enhance the grain boundary resistance against plastic deformation, but the Mg content at 

grain boundaries may have already reached saturation in Al-2.5Mg alloy. 

(4) The relatively strong grain size dependence of Hall-Petch slope mainly reflects the 

difficulty in initiating plastic flow and Lüders band propagation, and the influence of grain 

size on the flow stress is lower at strains beyond yield. In Al-2.5, 5 and 7.5Mg alloys, the 

constant value of Hall-Petch slope indicates that locked dislocation sources continue to 

determine the grain boundary resistance even after considerable plastic deformation. 

Whereas in Al-10Mg alloy, the Hall-Petch slope increases with strain due to high work 

hardening. 

(5) The drastic loss of uniform elongation is attributed to the enhanced early plastic instability 

associated with the occurrence of discontinuous yielding behavior in the ultrafine-grained 
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Al-Mg alloys. The work-hardening rate increases with increasing Mg content, which can 

alleviate strain localization and therefore postpone the occurrence of early necking while 

decreasing the grain size. Strength-ductility synergy in Al-Mg alloys could be achieved 

through combining optimized grain refinement with Mg addition. 
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Chapter 3 Role of Mg atoms in the work-hardening ability of Al-Mg alloys 

3.1 Introduction 

Work hardening is one of the most important factors in the evaluation of plastic deformation, 

and it is critical for the stability of plastic flow against strain localization. The tensile strength and 

ductility of materials are closely related to the work hardening capacity [1]. Therefore, a thorough 

understanding of the work-hardening behavior in terms of the fundamental mechanisms has 

attracted tremendous interest for its importance in advanced manufacturing processes and novel 

alloy design. In chapter 2, the results of tensile tests have shown that increasing Mg contents can 

effectively enhance the yield strength and work-hardening capacity of Al-Mg alloys, leading to 

improved strength-ductility synergy. However, the mechanism for the enhanced work-hardening 

ability with increasing Mg content is still not perfectly clarified yet. It has been believed that work 

hardening is governed by the evolution of dislocation structures and the extent of work hardening 

with increments in the dislocation density ρ can be well described by the Bailey-Hirsch 

relationship [2]: 

𝜎 = 𝜎0 + 𝛼𝑀𝜇𝑏𝜌1 2⁄ (3 − 1) 

where σ is flow stress, σ0 is the friction stress, α is a constant, M is the Taylor factor, μ is the shear 

modulus and b is the magnitude of Burgers vector. The dislocation density is determined by two 

competing processes: one is athermal storage of forest dislocations and the other is dynamic 

recovery due to thermally activated dislocation rearrangements and annihilation. The effects of 

Mg atoms on the work hardening of Al-Mg alloys should be attributed to their effect on these two 

processes. 

It is well known that pure Al is a kind of high stacking fault energy (SFE) material, dynamic 

recovery can easily take place through the cross slip of dislocations during deformation, facilitating 
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the formation of dislocation cell structure [3–5]. For materials with such cell structures, the 

dislocations generated during further deformation do not accumulate within the cells but sink into 

the cell boundaries when encountered with dislocations with opposite Burgers vectors on the same 

glide plane. That’s why pure Al exhibits low work hardening during tensile deformation. Intensive 

investigations have been carried out on the microstructure evolution and work hardening in Al-Mg 

alloys [5–8]. The addition of Mg atoms can inhibit cell structure formation and result in a higher 

work hardening rate, which is often considered to be attributed to Mg addition reduces the SFE 

[3,9–11]. Such an effect of SFE reduction is established for many alloys such as Cu-Al [12] and 

Cu-Zn [13] alloys when dislocations are considerably dissociated. However, in Al-Mg alloys 

deformed under quasi-static tensile test at room temperature, the dislocation dissociation is so 

weak that no direct evidence has ever been provided to show remarkable difference. Different from 

the conventional views, some experimental results questioned the role of SFE in the tensile 

properties of Al-Mg alloys. For example, an investigation on work hardening of Al-Mg and Al-Cu 

alloys revealed no remarkable difference in dislocation structures and work hardening behaviors, 

in spite of the opposite effects of Mg and Cu on the SFE of Al matrix [4,9]. These experimental 

evidence suggest that the reduction of SFE may not be the main cause that is responsible for the 

high work-hardening ability of Al-Mg alloys. 

In this chapter, a comparative study of Al-Mg alloys with different Mg contents will be 

conducted to investigate the mechanical properties and the microstructure evolution that relates to 

work-hardening behavior, aiming to deepen our understanding of the role of Mg atoms in the high 

work-hardening ability of Al-Mg alloys. 

3.2 Materials and experimental methods 

3.2.1 Materials and processing 



69 
 

In this study, Al-2.5, 5 and 7.5Mg (wt.%) alloys were selected as model alloys. The as-received 

materials were firstly homogenized at 500 ℃ for 2 hours and then quenched in water, in order to 

obtain super-saturated solid solutions with single-phase structure. After homogenization, these 

alloys were rolled to a final thickness of 1 mm at room temperature. Disks with 30 mm in diameter 

and 0.8 mm in thickness were cut from the cold-rolled sheets by electrical discharge machining 

and then heavily deformed by HPT process at room temperature. All the disks were processed up 

to 5 rotations under an imposed pressure of 2 GPa at a speed of 0.2 rotation per minute. After HPT, 

the disks were annealed in a salt bath at temperatures ranging from 325 ℃ and 350 ℃ for 1.8 ks 

to produce recrystallized microstructures, and then immediately quenched in water. The annealing 

temperature was determined individually for each alloy, in order to obtain recrystallized 

microstructure with similar grain size. 

3.2.2 Microstructural characterizations 

After annealing, microstructures were characterized by a JEOL JSM7100F scanning electron 

microscope (SEM) equipped with an EDAX OIM electron backscattering diffraction (EBSD) 

system operated at an accelerating voltage of 15 kV. Microstructural characterization by EBSD 

was conducted on the transverse section (containing the shear direction SD and the normal 

direction ND) of the HPT disks. The microstructures were observed at the areas of which distance 

from the center was larger than 3 mm to avoid microstructural inhomogeneity. The observed 

position corresponded to the gauge part of the tensile samples. The data collection of EBSD 

measurement was conducted using the software provided by TSL solution, and the OIM analysis 

software was used to analyze the collected data. The mean grain sizes of these samples were 

measured by a line intercept method on SEM-BSE images. The samples for microstructural 

observation were mechanical polished by using SiC abrasive grinding papers and then electrically 



70 
 

polished to a mirror finish in an electrolyte of 10% HClO4 and 90% CH3OH at 20 V for 60 s at 

about −30 ℃. 

The interrupted tensile samples were prepared for observing the deformation microstructures. 

The deformed samples were mechanically grinded to a thickness of ~100 µm using 4000 grit SiC 

abrasive grinding papers and the foils for transmission electron microscopy (TEM) observation 

were then punched from the gauge part of the tensile samples. The thickness was further reduced 

by a standard twin-jet electropolishing method using a Struers Tenupole-3 device in a solution of 

30% HNO3 and 70% CH3OH at −30°C and a voltage of 15 V. TEM observation of dislocation 

structures was conducted on a JEM-2100F TEM operated at 200 kV. 

3.2.3 Tensile tests 

The tensile properties were evaluated by uniaxial tensile tests. Tensile samples with gauge 

length of 2 mm, width of 1 mm and thickness of 0.5 mm were cut from the HPT disks. Tensile 

tests were conducted on a universal tensile test machine (Shimadzu, AG-100KN X plus) with a 

quasi-static strain rate of 8.3 × 10-4 s-1 at room temperature, and two samples were tested for each 

condition to verify the reproducibility of stress-strain behavior. The tensile strains were precisely 

measured by using the DIC method. Surfaces of the tensile samples were decorated with finely 

sprayed black and white paint speckles which act as markers to track local displacement during 

deformation for the DIC analysis. A CCD camera was used to acquire digital images at an 

acquisition rate of 10 frames per second during the tensile tests. After tensile tests, the captured 

images were analyzed using VIC-2D commercial software to calculate the tensile strain. 

3.2.4 In-situ synchrotron X-ray diffraction measurements 

The structural evolution of Al-Mg alloys during tensile deformation was investigated by using 

in-situ synchrotron X-ray diffraction (XRD) measurements. The in-situ synchrotron XRD 
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measurements were performed at beamline BL46XU of the Super Photon Ring-8 GeV (SPring-8) 

in Hyogo, Japan. Fig. 3.1 shows the schematic illustration of the in-situ synchrotron XRD 

measurement system. The energy of the incident X-ray beam was 30 keV (corresponding to a 

wavelength of 0.0413 nm) and the beam size was 2 mm × 0.5 mm (in the horizontal and vertical 

directions, respectively). The tensile testing machine was set on a goniometer (HUBER) so that 

the normal direction was parallel to the incident X-ray beam. Tensile samples with gauge length 

of 11 mm, width of 3 mm and thickness of 0.5 mm were machined from the HPT-processed disks. 

Prior to a tensile test, the incident X-ray beam was positioned at the center of the gauge part of the 

tensile sample. Tensile tests were conducted under constant crosshead speed with an initial strain 

rate of 8.3 × 10-4 s-1 at room temperature. The diffracted X-ray beam was detected by an array of 

six MYTHEN detectors which were positioned 22.5° from the transmission direction. This 

detection system enabled us to simultaneously acquire diffraction peaks over a wide range of 

diffraction angles with high angular resolution, with a maximum time resolution of 1.0 second. 

Peak broadening quantified by the full width at half maximum (FWHM) of the reflection was 

analyzed to evaluate the evolutions of dislocation density and dislocation arrangement as a 

function of tensile strain. Profile fitting of the obtained diffraction peaks was performed using the 

Voigt function, and the diffraction peak angle and the FWHM were obtained. The instrumental 

contribution to peak broadening was calibrated using a standard CeO2 sample and subtracted from 

the measured peak profiles. The XRD line profiles were analyzed by using the classical 

Williamson-Hall method and modified Warren-Averbach method to obtain the evolutions of 

dislocation density and dislocation arrangement during tensile deformation. 
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Fig. 3.1 The schematic illustration of the in-situ synchrotron XRD measurement system. 

3.3 Results 

3.3.1 Microstructures after annealing 

Fig. 3.2 shows the inverse pole figures (IPF) and grain average misorientation (GAM) maps 

obtained by EBSD analysis for the Al-2.5Mg, Al-5Mg and Al-7.5Mg samples. The stereographic 

triangle for the IPF maps and the gradation for the GAM maps are shown in the inset. Fig. 3.2 (a) 

– (c) show the IPF maps for the Al-2.5, 5 and 7.5Mg samples after annealing, respectively. It can 

be seen that all the annealed samples consist of equiaxed grains and the microstructures are 

relatively homogeneous. No strongly preferred orientations were detected, indicating that the 

recrystallized Al-Mg samples show weak texture. It was also confirmed by the use of XRD and 

EBSD that all the samples showed FCC single-phase structure. Fig. 3.2 (d) – (f) show the 

corresponding GAM maps for the Al-Mg samples. Low-angle grain boundaries with 

misorientation angles (θ) between 2° and 15° and high-angle grain boundaries with θ ≥ 15° are 

displayed as green lines and black lines, respectively. The measurements show an average high-

angle grain boundaries spacing of around 10 µm and the mean grain sizes are indicated in each 

figure. The degree of misorientation in each grain can be evaluated from the GAM map, which is 



73 
 

the average misorientation angle among all pairs of adjacent points in a grain. The higher GAM 

value corresponds to the higher misorientation within the grain, suggesting the existence of 

deformation structures accompanied with larger number of dislocations. The GAM maps in Fig. 

3.2 (d) – (f) shows that most of the recrystallized grains exhibit low GAM values, indicating that 

the average misorientation within the grains is quite low and the samples are fully recrystallized. 

Fully recrystallized Al-2.5Mg, Al-5Mg and Al-7.5Mg samples having similar grain size of about 

10 µm were successfully fabricated by HPT and subsequent annealing process. 
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Fig. 3.2 EBSD inverse pole figures (a–c) and grain average misorientation maps (d–f) of the Al-2.5, 5 and 7.5Mg 

samples. (a) and (d) HPT + 325 ℃ for 1.8 ks; (b) and (e) HPT + 350 ℃ for 1.8 ks; (c) and (f) HPT + 325 ℃ for 1.8 

ks. High-angle grain boundaries with misorientation larger than 15° are shown as black lines, and low-angle grain 

boundaries with misorientation between 2° and 15° are shown as green lines. 

3.3.2 Mechanical properties and work-hardening behavior 

Fig. 3.3 (a) exhibits the nominal stress-strain curves of Al-Mg alloys with similar grain size but 

different Mg content. For comparison, the tensile response of 2N Al sample with mean grain size 
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of 11.2 µm (prepared by accumulative roll-bonding process and subsequent annealing [14]) is also 

plotted. As demonstrated in the figure, the yield strength and ultimate tensile strength increase with 

increasing Mg content, but the ductility does not change significantly. It is apparent that the stress-

strain curves for the Al-Mg alloys exhibit serrated flow, which corresponds to dynamic strain aging 

caused by the interaction between moving dislocations and solute atoms. The stress-strain curve 

for Al-7.5Mg alloy shows a yield-point phenomenon and Lüders deformation. All these 

phenomenon are typical of what is expected in Al-Mg alloys [15]. The key point of this figure is 

that the Al-Mg alloys with higher Mg content show enhanced tensile strength, while maintaining 

a high ductility. 

The work-hardening rate, which represents by the derivative of the true stress with respect to 

the true strain, is shown in Fig. 3.3 (b) as a function of true stress. The area below the point dσ/dε 

= σ reveals the region in which necking is predicted to occur according to Considre's criterion. 

Note that the yield-point behavior, occurring in Al-7.5Mg alloy at small strains, was not considered 

when plotting the work-hardening curve here. Obviously, the work-hardening rate increases with 

increasing Mg content. The strain to satisfy Considère criterion decreases slightly with the increase 

in the Mg content till 2.5% and then increases gradually thereafter. It can be seen that the work-

hardening rate of Al-7.5Mg alloy remains relatively high over a range of strains, while that of 2N 

Al decrease rapidly. As a result, the uniform elongation of Al-7.5Mg alloy is even larger than that 

of 2N Al despite its high yield strength. Higher work-hardening rate can relieve strain localization 

and promote the uniform elongation in Al-Mg alloys. This feature has been widely used to design 

stronger Al-Mg alloys. In general, the strength and the ductility are inversely related; hence, these 

experimental results are especially interesting and noteworthy. The enhanced work hardening as 

well as improved strength-ductility synergy by increasing Mg content should stem from the 
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microstructural changes associated with the addition of Mg atoms. In order to reveal the intrinsic 

mechanisms governing the work-hardening behavior in Al-Mg alloys, the changes of dislocation 

density and dislocation arrangement during tensile deformation will be investigated in the 

following sections. 
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Fig. 3.3 (a) Nominal stress-strain curves of 2N Al, Al-2.5Mg, Al-5Mg and Al-7.5Mgalloys. (b) True stress-strain 

curves and corresponding work-hardening curves. 
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3.3.3 Dislocation density changes during tensile deformation 

In order to understand the enhanced work-hardening rate accompanying with increasing Mg 

content, in-situ synchrotron XRD measurements were applied to evaluate the dislocation density 

evolution during tensile deformation. Fig. 3.4 shows the nominal stress-strain curves for Al-2.5Mg, 

Al-5Mg and Al-7.5Mg samples obtained during in-situ synchrotron XRD measurements. The 

strains are calculated from the displacement of the crosshead of the tensile testing machine, and 

therefore include not only the deformation of the tensile samples but also any deformation of the 

apparatus. In addition, the size of tensile sample is different from those used in micro tensile test. 

Therefore, the stress-strain curves obtained at the synchrotron facility are not the exactly same as 

those in Fig. 3.3 (a). 

0 0.1 0.2 0.3 0.4

0

100

200

300

400

N
o

m
in

a
l 
s
tr

e
s
s
, 

 s
 /
 M

P
a

Nominal strain, e

Al-7.5Mg, d=9.87 mm

Al-5Mg, d=10.9 mm

Al-2.5Mg, d=9.01 mm

 

Fig. 3.4 Nominal stress-strain curves for the Al-2.5Mg, Al-5Mg and Al-7.5Mg samples having similar grain size 

during in-situ synchrotron XRD measurements. 

The dislocation density is determined from the XRD profiles based on estimations using the 

Williamson-Hall analysis [16]: 



78 
 

Δ2𝜃 cos 𝜃

𝜆
=
0.9

𝐷
+
2𝜀 sin 𝜃

𝜆
(3 − 2) 

where ∆2θ is the FWHM of the diffraction peak, θ is the diffraction angle, λ is the wavelength of 

the incident X-ray, ε is the heterogeneous strain, and D is the crystallite size. Note that in order to 

improve the accuracy of calculated dislocation density, the peak broadening induced by XRD 

instrument is subtracted from the measured peak profiles. A plot of Δ2θcosθ/λ as a function of 

2sinθ/λ for each diffraction peak will make it possible to determine the heterogeneous strain from 

the slope and the crystallite size from the vertical-axis intercept. Fig. 3.5 shows a Williamson-Hall 

plot for the Al-2.5Mg alloy at a tensile strain of 0.05 as an example. It is clear that Eq. (3-2) fits 

well with the data points since Al has weak elastic anisotropy. 
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Fig. 3.5 Williamson-Hall plot of the Al-2.5Mg alloy at 0.05 plastic strain. 

Afterward, the dislocation density ρ can be calculated by substituting the heterogeneous strain 

ε into the following equation [16] : 

ρ =
𝐾𝜀2

𝑏2
(3 − 3) 
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where b is the magnitude of the Burgers vector, and K is a constant depending on the crystal 

structure. In this study, K = 16.1 for the FCC structure [16] is used. The changes in dislocation 

density during tensile deformation can be derived from the changes in the slope of the Williamson-

Hall plot with strain by repeating the above procedures. 

Fig. 3.6 (a) – (c) shows the calculated dislocation density as a function of nominal strain for the 

Al-2.5Mg, Al-5Mg and Al-7.5Mg samples, respectively. It should be pointed out that due to the 

severe splitting of XRD peaks at small strains, the dislocation density was evaluated from a strain 

of 0.05 for all samples. Although the dislocation density calculated by using the classical 

Williamson-Hall method could be higher than the true value due to its overestimation nature, the 

trend of dislocation density evolution during tensile deformation can be captured by in-situ XRD 

measurements. Thus, a rough comparison can be made to show the discrepancy induced by 

increasing Mg content. The dislocation density changes can be discussed in conjunction with the 

stress-strain curves of Fig. 3.4. As exhibited in Fig. 3.6 (a), the dislocation density of Al-2.5Mg 

alloy increased with increasing macroscopic strain until the applied stress reached the ultimate 

tensile strength and then decreased as necking occurred, which was consistent with the observed 

stress-strain behavior. Similar behavior of increase and decrease in dislocation density during 

tensile deformation can also be observed in Al-5Mg alloy (Fig. 3.6 (b)) and Al-7.5Mg alloy (Fig. 

3.6 (c)). Furthermore, one can find that the Al-Mg alloys show distinguishable dislocation density 

after the same level of tensile deformation, the Al-Mg alloys with higher Mg content possess higher 

dislocation density. For example, at a strain of 0.25, the dislocation density of Al-2.5, 5 and 7.5Mg 

alloys is 1.47×1015 m-2, 1.99×1015 m-2, and 2.91×1015 m-2, respectively. The dislocation density of 

Al-7.5Mg alloy is about 2 times that of Al-2.5Mg alloy at the strain of 0.25. Such a large difference 

should be related to the difference in Mg content since the grain size effects are expected to be 
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small. The results shown above suggest that for Al-Mg alloys having similar grain size, increasing 

Mg content can significantly accelerate the dislocations accumulation during deformation. And 

according to the Bailey-Hirsch relationship (Eq. (3-1)), a higher rate of dislocation accumulation 

should contribute to a higher work-hardening rate. 
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Fig. 3.6 Evolution of the dislocation density as a function of nominal strain for the Al-Mg alloys, obtained by in-situ 

synchrotron XRD measurements and Williamson-Hall analysis. (a) Al-2.5Mg alloy, (b) Al-5Mg alloy and (c) Al-

7.5Mg alloy, respectively. 

3.3.4 Dislocation arrangements from modified Warren-Averbach analysis 

As shown in Fig. 3.6, the increase in Mg content can accelerate the dislocation accumulation in 

Al-Mg alloys, which is speculated to be related to the change in the dislocation arrangement since 

the dislocation density has a strong correlation with the dislocation arrangement. Wilkens [17] 

introduced a dimensionless parameter (M value) to display the dislocation arrangement, which 

could be obtained from the Fourier coefficients by applying the modified Warren-Averbach 

procedure [18]: 

ln 𝐴(𝐿) = ln𝐴𝑆(𝐿) −
𝜋𝑏2

2
∙ 𝜌𝐿2 ∙ ln (

𝑅𝑒
𝐿
) (𝐾2𝐶̅) + 𝑂(𝐾2𝐶̅)2 (3 − 4) 

where A(L) is the real part of Fourier coefficients of structural profile, AS(L) is the size component 

of Fourier coefficients, L is the Fourier length, Re is the effective cut-off radius of dislocations, b 
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is the magnitude of the Burgers vector, K=2sinθ/λ, 𝐶̅ is the average contrast factor. The dislocation 

arrangement parameter M is expressed by the following equation: 

M = 𝑅𝑒 × 𝜌1 2⁄ (3 − 5) 

The dislocation arrangement parameter M describes the strength of the dipole character of 

dislocations: a small or large value of M indicates that the dipole character and the screening of 

the displacement field of dislocations are strong or weak, respectively. When M > 1, the interaction 

between dislocations is weak and the dislocations are loosely distributed. By contrast, M < 1 

indicates a stronger interaction between dislocations, and the dislocation are rearranged toward the 

configuration where the dipole character becomes strong, e.g. forming dislocation cell structures 

[19]. 

Fig. 3.7 shows the changes in M value for different Al-Mg samples as a function of strain. For 

all Al-Mg alloys, the M value decreases with the progress of tensile deformation, which suggests 

that the interaction between dislocations becomes stronger and the dislocations arrange themselves 

into an energetically stable configuration. It is evident that at the same strain levels, the M value 

is larger for the Al-Mg alloy with higher Mg content. It is noteworthy that all M values are larger 

than 1 to the extent of strain studied here. These results suggest that the interactions between solute 

Mg atoms and dislocations can significantly affect the rearrangement of dislocations during tensile 

deformation at room temperature. This difference can be explained by the pinning effect of solute 

Mg atoms on dislocations which hinders their rearrangement into low-energy configurations. 
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Fig. 3.7 Changes in dislocation arrangement parameter M as a function of nominal strain in different Al-Mg alloys. 

3.3.5 Dislocation structures after tensile testing to specified strain 

In order to confirm the difference in dislocation density and dislocation arrangement, the 

deformation structures of the Al-Mg alloys after tensile testing to a strain of 0.1 have been 

examined by TEM. Fig. 3.8 (a) – (c) shows the bright-field TEM micrographs for Al-2.5Mg, Al-

5Mg and Al-7.5Mg samples, respectively. Obviously, radically different dislocation 

microstructures are developed in the Al-Mg alloys at close strain. In the case of Al-2.5Mg alloy, 

as shown in Fig. 8a, the deformation promoted the formation of weakly developed cell-like 

structure. The distribution of wavy dislocations is relatively heterogeneous and most dislocations 

are clustered in high density regions adjacent to areas which are almost dislocation free. This kind 

of microstructure is penetrable to the incoming dislocations and corresponds to the relatively low 

work-hardening rate in Al-2.5Mg alloy. For Al-5Mg alloy (Fig. 3.8 (b)), the dislocation structure 

changes gradually with increasing Mg content, such that the formation of dislocation cell structure 

is suppressed and the distribution of dislocations becomes more homogeneous. Fig. 3.8 (c) shows 

TEM micrographs of the microstructure developed in Al-7.5Mg alloy, it’s noteworthy that the 



84 
 

dislocation structure changes significantly with a further increase in Mg content, with the 

dislocations becoming more planar and forming dislocation network structures. Overall, the 

dislocation configuration becomes more planar and the distribution becomes more homogeneous 

with increasing Mg content at close strain levels, which is in good agreement with the trend of 

dislocation arrangement parameter M evaluated from the XRD data. These TEM micrographs 

demonstrate that the addition of solute Mg atoms can strongly influence the evolution of 

dislocation structure during deformation, by inhibiting cell structure formation and promoting a 

transition from wavy slip to planar slip. 

 

Fig. 3.8 Bright-field TEM micrographs showing the dislocation morphologies of the (a) Al-2.5Mg alloy, (b) Al-5Mg 

alloy and Al-7.5Mg alloy, respectively. 

3.4 Discussions 

3.4.1 Flow stress and dislocation density 

In agreement with results reported in the literature, Mg content has a significant effect not only 

on the level of flow stress, but also on the work-hardening rate. As mentioned before, the increase 

in flow stress is induced by the increase in dislocation density as deformation proceeds. A more 

detailed analysis is required to establish the relationship between the microstructure evolution and 

the work-hardening behavior and, in particular, to separate the contributions of athermal hardening 
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and dynamic recovery. A number of models for the work-hardening behavior have been proposed 

to describe dislocation density evolution [20,21]. It has been proven that these models are 

applicable to the work-hardening behavior of Al alloys [22]. The work hardening can be described 

based on the single parameter, i.e. the dislocation density ρ using the Kocks-Mecking-Estrin model 

where the flow stress is solely controlled by the dislocation density [20,21,23]: 

dρ

dε
= 𝑘1𝜌

1 2⁄ − 𝑘2𝜌 +
𝑘3
𝑑

(3 − 6) 

where d is the grain size, k1 and k2 are parameters related to the athermal work-hardening limit 

and dynamic recovery, respectively. In a polycrystalline material, the grain boundaries lead to 

additional accumulation of dislocations. Note that the additional accumulation of dislocations 

induced by grain boundaries could be roughly taken as making equal contribution because the 

grain size is controlled to be similar. Fig. 3.6 has shown that the net rate of dislocation 

accumulation with imposed strain increases with increasing Mg content. Namely, the term on the 

left-hand side of Eq. (3-6) increases with increasing Mg content. As regards the athermal hardening, 

it is apparent that solute-dislocation interaction is always capable of increasing to some extent the 

multiplication rate of forest dislocations and, thus, the rate of athermal hardening. In Al-Mg alloys 

at room temperature, the movement of dislocations is inhibited by solute Mg atoms which is 

indicated by the occurrence of serrated flow on stress-strain curves. The effect of enhancing the 

work hardening is greatly increased at the dynamic interaction of the solute atoms with dislocations 

[24]. In addition, the interaction should also hinder dynamic recovery so that the rate of 

annihilation of dislocations is reduced. Accelerated dislocation accumulation (enhanced work 

hardening) is therefore expected in Al-Mg alloys with increasing Mg content. 

In practice, the dislocation density and the flow stress show similar evolutions as a function of 

strain and the saturation tensile strength is related to the maximum dislocation density, as shown 
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in Fig. 3.6. In order to examine the Bailey-Hirsch relation, the flow stresses of Al-Mg alloys were 

plotted in Fig. 3.9 as a function of the square root of the dislocation density. It can be concluded 

that the flow stress follows a linear relationship with the square root of dislocation density despite 

of experimental errors. The continuously increase of dislocation density leads to the work 

hardening of the Al-Mg alloys during plastic deformation. Work hardening in Al-Mg alloys is 

verified to be caused and solely controlled by the increase of dislocation density. The rate of 

dislocation accumulation in the Al-Mg alloys with higher Mg content is much faster than in those 

with low Mg contents, probably as a result of interactions between the dislocations and Mg atoms. 
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Fig. 3.9 The flow stress of Al-Mg alloys as functions of the square root of the dislocation density. 

3.4.2 Origins of high work hardening in Al-Mg alloys 

As exhibited in Fig. 3.3, increasing Mg content can improve both yield strength and ultimate 

tensile strength of Al-Mg alloys without significantly sacrificing the ductility. This is because the 

work-hardening rate increases with increasing Mg content, which can relieve strain localization 

and hence postpone the occurrence of necking. But what is the origin of enhanced work hardening 

with increasing Mg content? It is generally accepted that the work hardening is governed by the 
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microstructure evolution during deformation. The in-situ synchrotron XRD results (in Fig. 3.6 and 

Fig. 3.7) have revealed that increasing Mg content can remarkably accelerate dislocation 

accumulation and decrease the extent of dislocation rearrangement in Al-Mg alloys having similar 

grain size during tensile deformation. In parallel, TEM observations have confirmed the changes 

in dislocation structures from weakly developed dislocation cell structures to homogeneously 

distributed planar dislocation arrays, as shown in Fig. 3.8, which suggests that increasing Mg 

content can hinder the cross slip of dislocations and promote a transition from wavy slip to planar 

slip. However, the atomic-scale mechanism for the impeded cross slip induced by Mg addition is 

still under debate. 

The conventional view considers that the reduced SFE is responsible for dislocation 

planarization accompanying with increasing Mg content. The SFE decreases with increasing Mg 

content, which results in the recombination of partial dislocations becoming difficult and thus 

limiting dislocation cross slip. Therefore, the dislocations tend to move along their primary slip 

planes and form both tangled dislocation and dislocation band structures. It has been widely 

reported that the plastic deformation mechanisms of FCC materials are sensitive to SFE under 

quasi-static tensile deformation at room temperature, i.e. dislocations glide in a wavy mode in high 

SFE materials, in contrast, the dislocation planar slip and deformation twinning prevail in low SFE 

materials [12,25]. For pure Al, a typical high SFE material, the dislocations can glide easily via 

cross slip and cell structure forms in the grain interior after imposing specific strains. For materials 

with such cell structures, the dislocations generated during further deformation do not accumulate 

within the cells but sink into the cell boundaries when encountered with dislocations with opposite 

Burgers vectors on the same glide plane. That’s why pure Al exhibits low work hardening during 

tensile deformation. Many published results proposed that the addition of Mg can reduces the SFE 
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of Al-Mg alloys [3,9–11]. Note firstly that the judgment on these effects is mainly based on 

theoretical calculation, while direct experimental data are not available. Secondly, the reduction 

of the SFE has a significant effect on the deformation mechanism in those cases when dislocations 

are considerably dissociated. But this conventional view has some limitations. Despite there are 

many published results showing that stacking faults or micro twins can be observed in some 

severely plastic deformed Al-Mg alloys [26,27] or shock-loaded Al-Mg alloys at low temperature 

[28], the dislocation dissociation is so weak that no direct experimental evidence has ever shown 

stacking faults or deformation twins in Al-Mg alloys under quasi-static deformation at room 

temperature. The SFE should be still very high because no remarkable difference in the splitting 

of dislocations is detected in Al-Mg alloys, although the dislocation configuration is clearly 

different. Moreover, the early data on the SFE obtained from mechanical testing are considered as 

unreliable because of being based on an inaccurate cross slip model, while the estimations based 

on the annealing rate of faulted dislocation loops did not show that Mg addition significantly 

reduced the SFE of Al [29]. 

Different from the above conventional views, some recent experimental results cast doubts on 

the role of SFE in the tensile properties of Al-Mg alloys. For example, Zolotorevsky’s [4] 

investigation on Al-Mg and Al-Cu alloys showed that in spite of the opposite effects of Mg and 

Cu on the SFE of Al matrix, no significant difference in dislocation structures and work hardening 

behaviors had been observed. If the explanation based on SFE were established, adding Cu should 

increase the SFE and therefore promoted the formation of well-defined cell structures in Al-Cu 

alloy. But the dislocation structure in Al-Cu alloy was very similar to that observed in Al-Mg alloy. 

This supports the idea that the dislocation microstructure evolution in aluminum alloys is 

controlled by solute-dislocation interaction influencing the motion of dislocations rather than by 
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overcoming the stacking fault-induced barriers for cross slip of screw dislocations. The dislocation 

planar slip prevails in Al-Mg alloys with high Mg content due to the high friction stress induced 

by Mg addition. In general, screw dislocations can switch from one {111} type plane to another if 

it contains the direction of Burgers vector b. Solute Mg atoms affect the difficulty of cross slip 

since the dissociated partials of a screw dislocation contain edge components. The edge 

components of the two partial dislocations are affected by the presence of solute atoms. Cross slip 

becomes more difficult because the recombination of dissociated partials must overcome the 

friction stress imposed by the solute atoms. On the other hand, dislocations in metallic materials 

are usually mixed dislocations containing both edge and screw characters. The solute-dislocation 

interactions are particularly enhanced in Al-Mg alloys due to the large atomic size mismatch (12%) 

between Al and Mg atoms which arises severe lattice distortion. As a result, the Peierls potential 

for dislocation motion can be largely fluctuated and the lattice friction becomes very large [30]. 

Solute effects increase the friction stress and thereby hinder dislocation cross slip, like lowering 

the SFE. Note also that the Mg atoms stay preferentially at the dilated region of edge dislocations 

that leads to decreasing of the stress field around these dislocations. As a result, the dislocations 

are less clustered to minimize their elastic strain energy. This is explained by the increase of the 

Mg content which increases the pinning effect of Mg atoms on edge dislocations thus hindering 

the formation of dislocation cell structure, which is supported by both XRD (Fig. 3.7) and TEM 

studies (Fig. 3.8). Suppressed cross slip by the high friction stress leads to more stored dislocations 

hence higher work hardening during deformation. Meanwhile, the dislocation alignment becomes 

more planar and the distribution becomes more homogeneous with increasing Mg content. Planar 

dislocations on different slip planes seem to interact and form dislocation networks in Al-Mg 

alloys with high Mg contents (Fig. 3.8 (c)). The dislocation mean free paths decrease with the 
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formation of dislocation networks, leading to high work-hardening rate. Planar dislocation arrays 

can interact with each other and dislocation tangles forms during dislocation-dislocation 

interactions are obstacles for dislocation motion. Moving dislocations can be trapped by these 

obstacles and form dislocation pile-ups against these obstacles [31], making local plastic relaxation 

difficult, which also contributes to a higher work-hardening rate. 

The above discussion on the effect of solute Mg on the work-hardening behavior is mainly 

based on the idea of atomic-scale heterogeneity in Al-Mg alloys. The dislocation cross slip is 

suppressed in Al-Mg alloys with increasing Mg contents due to the interaction between solute Mg 

atoms and dislocations. As a result, the dislocations tend to glide on their primary slip planes and 

promote the formation of planar dislocation arrays. It is noted that the solute Mg-dislocation 

interaction cannot only affect the dislocation glide in the slip plane. More importantly, the 

interaction between solute Mg atoms and dislocations can hinder the cross slip of dislocations, 

resulting in a lower rate of dynamic recovery and therefore a higher rate of dislocation 

accumulation. Therefore, solute enhanced work hardening has been attributed to the following 

processes: (1) Solute Mg atoms increase the rate of dislocation multiplication; (Ⅱ) Solute Mg atoms 

reduce the rate of dislocation annihilation or the recovery of dislocation structures; (Ⅲ) Solute Mg 

atoms also enhance the effectiveness of dislocations as barriers to flow. From all the conclusive 

experimental evidence, one can draw the conclusion that the solute Mg-dislocation interaction 

plays the key role in the high dislocation density and hence high work-hardening rate in Al-Mg 

alloys. 

3.5 Conclusions 

In summary, fully recrystallized Al-2.5, 5, and 7.5Mg alloys having similar grain size (~10 µm) 

were prepared by HPT and subsequent annealing. The tensile properties and work-hardening 
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behaviors of Al-Mg alloys were investigated by quasi-static tensile deformation at room 

temperature. The correlation between work-hardening behavior and corresponding microstructure 

evolution during tensile deformation were discussed to clarify the role of Mg atoms in the work-

hardening rate of Al-Mg alloys. The main results obtained in this chapter are as follows: 

(1) For Al-Mg alloys having similar grain size, the yield strength and work-hardening rate 

increase with increasing Mg content, resulting in large tensile strength and ductility. 

(2) In-situ synchrotron XRD measurement was employed to evaluate the evolution of 

dislocation density and dislocation arrangement during tensile deformation. The results 

reveal that the dislocation density increases faster with strain in Al-Mg alloys having higher 

Mg contents. Moreover, the trend of dislocation arrangement parameter M suggests that 

the interaction between dislocations and solute Mg significantly affects dislocation 

rearrangement during deformation. The extent of dislocation rearrangement decreases with 

increasing Mg content. 

(3) Deformation microstructure was characterized by scanning transmission electron 

microscopy. The addition of solute Mg can suppress dislocation cross slip and promote a 

transition from wavy slip to planar slip, resulting in a lower rate of dynamic recovery and 

therefore a higher rate of dislocation accumulation. 

(4) Mg atoms play a vital role in the accumulation of dislocations and therefore the work-

hardening rate of Al-Mg alloys. Al-Mg alloys with higher Mg contents exhibit higher 

work-hardening ability because of the important roles of solute-dislocation and solute-

solute interactions. Thus, adding Mg could be an effective way to improve the strength-

ductility synergy in Al-Mg alloys due to high solid solution strengthening and enhanced 

work hardening. 
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Chapter 4 Revealing the nature of heterogeneous deformation in Al-Mg alloys 

4.1 Introduction 

Heterogeneous deformation is commonly observed in metallic materials, such as early necking 

and Lüders deformation that occur in ultrafine-grained metallic materials, which can be related to 

grain size and dislocation density [1,2]. Portevin-Le Chatelier (PLC) effect is another frequently 

observed heterogeneous deformation behavior in metallic materials such as steels and aluminum 

alloys, manifested by the serrated flow in the stress-strain curve during tensile deformation. The 

most distinct features of PLC effect are the localized deformation bands and the motion of these 

bands along the sample with increasing stress [3]. In chapter 2, the tensile results have shown that 

serrated flow is commonly observed in tensile deformation of Al-Mg alloys and the features of 

serrated flow exhibit remarkable dependence on grain size and Mg content. Since the localization 

of strain causes degradation of the inherent structural properties and surface quality of materials, 

understanding the fundamental features of the PLC effect is crucial for the effective use of Al-Mg 

alloys. The PLC effect has been studied extensively since its discovery. Experimental observations 

have shown that PLC bands are of different types. In general, three types of PLC band can be 

classified based on the type of serrations that appear in the stress-strain curve of polycrystalline 

materials during constant strain rate tensile tests, assigned as type A, type B, and type C, and their 

characteristics are well documented [4–6]. Nucleation and propagation behavior of deformation 

bands are directly related to the morphologies of the serrations in the stress-strain curve [7]. Type 

A serrations are associated with repetitive continuous propagation of deformation bands along the 

gauge part of the sample and are often nucleated at one end of gauge part. Type B serrations 

correspond to a hopping propagation of localized bands in the axial tensile direction of the sample. 

Type C serrations are characterized by random nucleation of localized non-propagating bands 
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accompanied by large stress drops [8]. The appearance of the PLC bands can change from type A 

to type B and then to type C, either with decreasing strain rate or increasing temperature [6,9]. 

A host of mechanisms have been proposed to explain different kinds of PLC instabilities 

occurring during plastic flow, these assume various forms of interactions of dislocations with 

solute atoms and recurrent pinning and depinning of dislocations from the solute atmospheres 

under increasingly applied stress. Although it has been commonly accepted that the PLC effect 

corresponds to dynamic strain aging caused by the interaction between moving dislocations and 

solute atoms [10], the detailed mechanism of the serrated flow is still not perfectly clarified. The 

PLC effect affects most material properties. Dynamic strain aging has generally been known to 

cause blue brittleness that deteriorates ductility at high temperatures or low strain rates [11,12]. On 

the other hand, it has been also well known that work hardening of materials is significantly 

enhanced under dynamic strain aging conditions [3]. If the serrated flow is properly controlled 

based on fundamental understanding of its mechanism, good work hardening is expected to be 

achieved, leading to high strength and large ductility of the material. 

Numerous studies have been carried out to clarify the effects of strain rate and temperature on 

PLC effect, there are very few investigations devoted to the effects of solute content and grain size 

on the localized deformation behaviors so far. This becomes an important issue since Mg addition 

and grain refinement are the main methods to further improve the comprehensive mechanical 

properties of Al-Mg alloys. In this study, the spatiotemporal characteristics associated with 

heterogeneous deformation in Al-Mg alloys having different Mg contents and grain sizes will be 

investigated by using uniaxial tensile tests and DIC technique. The aim of the present study is to 

fundamentally understand the features of heterogeneous deformation in Al-Mg alloys. 
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4.2 Materials and experimental methods 

4.2.1 Materials and processing 

Al-xMg (x=2.5, 5, 7.5 and 10 wt.%) alloys were used in this study. For Al-2.5, 5 and 7.5Mg 

alloys, the as-received materials were firstly heated at 500 ℃ for 2 h and then quenched in water 

to ensure homogenization. After the homogenization treatment, the materials were cold rolled at 

ambient temperature by 90% thickness reduction to a final thickness of 2 mm and then annealed 

for 30 minutes at 400 ℃, 425 ℃ and 400 ℃, respectively, and then immediately cooled in water. 

The annealing temperature was determined individually for each alloy, in order to obtain 

recrystallized microstructure with similar grain size. For Al-10Mg alloy, a cylindrical sample was 

cut from the as-received ingot and then extruded at 400 ℃ with an extrusion ratio of 10.6. After 

hot extrusion, the extruded rod was heat treated at 450 ℃ for 30 min to remove the Al3Mg2 phase, 

then cold-rolled to 90% thickness reduction, i.e., 1 mm thickness. The cold rolled sheet was then 

annealed at 380 ℃ for 30 s and quickly cooled in water. 

4.2.2 Microstructural characterizations 

Microstructural observations were conducted using a field emission scanning electron 

microscope (FE-SEM; JEOL 7800F) equipped with backscattered electron (BSE) detectors 

operated at an accelerating voltage of 15 kV. The mean grain sizes of these specimens were 

measured by a line intercept method. The specimens for microstructural observation were 

mechanically polished by using SiC abrasive grinding papers and then electrically polished to a 

mirror finish in an electrolyte of 10% HClO4 and 90% CH3OH at 20 V for 60 s at about −30 ℃. 

The interrupted tensile samples were prepared for observing the deformation microstructures. 

The deformed samples were mechanically grinded to a thickness of ~100 µm using 4000 grit SiC 

abrasive grinding papers and the foils for transmission electron microscopy (TEM) observation 
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were then punched from the gauge part of the tensile samples. The thickness was further reduced 

by a standard twin-jet electropolishing method using a Struers Tenupole-3 device in a solution of 

30% HNO3 and 70% CH3OH at −30°C and a voltage of 15 V. TEM observation of dislocation 

structures was conducted on a JEM-2100F TEM operated at 200 kV. 

4.2.3 Tensile tests 

Sheet-type tensile samples with a gauge length of 10 mm, width of 5 mm and thickness of 2 

mm were machined from the rolled sheets. Tensile tests were conducted on Shimadzu AG-X plus 

system with an initial strain rate ranging between 8.3×10-6 s-1 and 8.3×10-2 s-1 in the temperature 

range of 25 ℃ to 100 ℃. Temperatures were measured with a thermocouple attached to the surface 

of the tensile sample. Prior to elevated temperature tensile testing, sample temperatures were 

stabilized for a minimum of 600 s at each test temperature. Tensile strains during the tensile tests 

were precisely measured by the DIC technique. Surfaces of the tensile samples were first sprayed 

in a flat white lacquer and subsequently with random black spots which acted as markers to track 

local displacement in the DIC analysis. A CCD camera was used to acquire digital images of the 

sample surfaces during the tensile tests. The captured images were analyzed using VIC-2D 

commercial software. Localized deformation behaviors during tensile deformation were 

quantitatively characterized by the DIC analysis. 

4.3 Results 

4.3.1 Effect of Mg content on serration behavior 

To investigate the effect of Mg content on serration behavior, Al-2.5Mg, Al-5Mg and Al-7.5Mg 

alloys with similar grain size (~35 µm) were prepared. Fig. 4.1 shows the recrystallized 

microstructures of the Al-2.5Mg, Al-5Mg and Al-7.5Mg alloys obtained by SEM-BSE 

observations. All the samples were fully recrystallized and homogeneously consisted of equiaxed 
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grains. 

 

Fig. 4.1 BSE images of Al-2.5Mg, Al-5Mg and Al-7.5Mg samples after cold rolling and subsequent annealing. (a) 

Al-2.5Mg, 400 ℃ for 30 min, (b) Al-5Mg, 425 ℃ for 30 min, (c) Al-7.5Mg, 400 ℃ for 30 min. 

Fig. 4.2 (a) exhibits the nominal stress-strain curves of Al-2.5, 5 and 7.5Mg alloys with similar 

grain size, obtained by the tensile tests at room temperature. The PLC effect, as manifested by the 

serrated stress-strain curve, occurs in all the materials used in this study. As shown in Fig. 4.2 (b), 

the onset of the serrations and the work hardening differ among the Al-Mg alloys due to the 

difference in Mg contents. For a better view, the stress-strain curves are deliberately shifted along 

the ordinate axis and enlarged in Fig. 4.2 (c) and Fig. 4.2 (d). It is evident that the morphology of 

serrations varies with global strain as well as Mg content. For Al-2.5Mg alloy, typical type A 

serration appears in the beginning and then it transits into a mixed type A and type B serrations at 

intermediate strains and finally evolves into type B serration at large strains. For Al-5Mg alloy, it 

is noted that with increasing strain, there is also a trend of serration types changing from type A to 

type B. But the transition occurs at relatively lower strains comparing to Al-2.5Mg alloy. In 

contrast, the serration behavior in Al-7.5Mg alloy is quite different. At small strains there’s no 

pronounced serration at all. The critical strain for the occurrence of serrated flow is around 0.12. 

The serrations are large stress drops that occur below the general level of the stress-strain curve, 

which are typical type C serrations. This kind of serrations continues to appear till large strains, 

but in quick succession. The results above suggest that the characteristics of serrated flow depend 



101 
 

strongly on the Mg content. At intermediate strains, increasing Mg content promotes a transition 

from type A serration to type B serration and finally to type C serration. Meanwhile, the serration 

amplitude increases with increasing Mg content. 
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Fig. 4.2 Nominal stress-strain curves of Al-2.5, 5 and 7.5Mg alloys with similar grain size, obtained by the tensile 

tests at room temperature with a strain rate of 8.3 × 10-4 s-1. 

Fig. 4.3 – 4.5 show enlarged parts of the nominal stress-time curves (within similar strain range, 

as indicated in each figure) and the corresponding local strain rate maps obtained by DIC analysis 

for Al-Mg alloys, each pair has been synchronized to match the x-axis time scales. Note that the 

stress-strain and stress-time curve have the same appearance for serration morphologies. The DIC 

analysis clearly shows that a localized deformation in banded morphology appears and propagates 
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within the gage part of the tensile sample. The nucleation and propagation of the PLC band 

correspond well with the serration on the stress-strain curve. Fig. 4.3 shows an enlarged part of the 

stress-time curve of Al-2.5Mg alloy and corresponding local strain rate maps of the sample 

obtained by the DIC analysis. The numbers 1~6 indicate at the upper left corners of the strain rate 

maps correspond to the positions on the stress-strain curve indicated by the same numbers. The 

PLC bands are recognized as the banded regions having higher local strain rates than the other 

parts in the gauge section. The DIC strain rate maps clearly shows that the PLC band nucleated at 

one end of the gauge part followed by continuous propagation along the gage. When the PLC band 

reaches at the other end in the gage part, the band annihilates. And then a new PLC band nucleates 

at one end and propagates. Such processes repeatedly happen. The peak positions of serrations on 

the stress-strain curve, for example, the points 1 and 6, corresponds to the nucleation of the PLC 

bands in the local strain rate map. Till the nucleation of new PLC band after the annihilation, the 

flow stress steeply increased. Namely, type A serration corresponds to continuously propagating 

PLC bands: the sudden stress drop represents the nucleation of a new PLC band; the smooth stage 

corresponds to the continuous propagation of the PLC band. 
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Fig. 4.3 An enlarged part of the nominal stress-time curve for Al-2.5Mg alloy and corresponding local strain rate 

maps of the sample at selected stages obtained by the DIC analysis. 

In contrast, type B serrations occur in Al-5Mg alloy at similar strain level comparing to Al-
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2.5Mg alloy, as shown in the magnified stress-time curve in Fig. 4.4. The synchronized strain rate 

distribution maps show that the nucleation and propagation of the PLC band correspond well with 

the serrated flow on the stress-strain curve. For example, the peak position of serrations on the 

stress-strain curve, as indicated by the point 1, corresponds to the nucleation of a PLC band in the 

local strain rate map. The following oscillations of the stress-time curve correspond to the repeated 

appearance and disappearance of the PLC band. The potential nucleation sites for the reappearance 

of the localized deformation band are constrained to occur within the vicinity of the previous 

deformation band location. Thus, the main characteristic of type B bands is the localized 

deformation bands are nucleated at gauge part followed by discontinuous short-distance 

propagation, manifested as hopping propagation. This trend contrasts with the continuous 

propagation of the band that occurs after the initiation with a type A stress drop. 
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Fig. 4.4 An enlarged part of the nominal stress-time curve for Al-5Mg alloy and corresponding local strain rate maps 

of the sample at selected stages obtained by the DIC analysis. 

As for Al-7.5Mg alloy, the DIC strain rate maps in Fig. 4.5 shows that the PLC band nucleates 

at the gauge part but the band does not propagate. The nucleation of each non-propagating 

deformation band corresponds to a large stress drop in the stress-strain curve, as indicated by the 

numbers 1, 5 and 7. The deformation band annihilates immediately after its nucleation. Thus, type 

C serrations correspond to the formation of localized non-propagating bands appearing at random 

locations along the gauge part, each stress drop indicates the formation of a non-propagating 

deformation band. 
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Fig. 4.5 An enlarged part of the nominal stress-time curve for Al-7.5Mg alloy and the corresponding local strain rate 

maps of the sample at selected stages obtained by the DIC analysis. 

In this section, the strain localization associated with various band behaviors were observed 
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both spatially and temporally by using DIC technique. The DIC analysis clearly shows that, at 

similar strain level, three notably different types of localized deformation behaviors occur in Al-

Mg alloys with different Mg contents. What these localized deformation behaviors have in 

common is that the sharp increase in flow stress happens after the annihilation of a PLC band and 

the flow stress gets alleviated at the nucleation of a new PLC band, indicating that lack of mobile 

dislocations may be one of origins to cause the serrations. Apparently, the characteristics of PLC 

plastic instabilities depend strongly on the Mg content, increasing Mg content promotes a 

transition of PLC band from type A to type B and finally to type C. Detailed discussions relating 

the observations above to interpretations of changes in localized deformation bands and solute-

dislocation interactions will be included in the discussion section. 

4.3.2 Effect of grain size on serration behavior 

Fig. 4.2 has shown that type A and type B serrations can appear in a same sample (Al-2.5Mg or 

Al-5Mg) during tensile deformation, the only difference is the stain level or dislocation density 

they occur. This reminds us to consider the role of dislocation density in the serration behavior. To 

verify this, Al-2.5Mg samples with different grain sizes were selected as model materials since 

fine-grained sample possesses higher dislocation density at same strain level. Fig. 4.6 shows the 

representative nominal stress-strain curves obtained from tensile testing on Al-2.5Mg samples with 

different grain sizes. The mean grain size for each sample is indicated in the figure. It can be seen 

that grain refinement promotes a transition of serration types. Typical type A serrations are 

observed in coarse-grained sample, while type B serrations are mainly found in fine-grained 

sample. The magnitude of the stress drops also increases with decreasing grain size. The tensile 

response indicates that the occurrence and nature of the serration behavior in Al-Mg alloy also 

shows remarkable grain size dependence. 
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Fig. 4.6 (a) Nominal stress-strain curve of the Al-2.5Mg samples with different grain sizes in the tensile test at room 

temperature with a strain rate of 8.3 × 10-4 s-1. (b) Enlarged sections of the stress-strain curves. 

Similarly, type A and type B bands were observed to exist as continuously propagating bands 

and hopping bands on the gauge part, respectively. This is consistent with the observations in 

previous section. The local strain rate inside the PLC band is accurately measured by DIC analysis 

and plotted as a function of global strain, as shown in Fig 4.7. It can be seen that the local strain 
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rate inside the band is about several times higher than the global strain rate and increases with 

global strain in both samples. The local strain rate in the PLC band is much higher in the fine-

grained sample than that in the coarse-grained sample, indicating that the deformation behavior 

becomes more heterogeneous with decreasing grain size. It can be concluded from the results 

shown above that the grain size has a strong effect on the heterogeneous deformation behaviors of 

the Al-2.5Mg sample, higher dislocation densities achieved through grain refinement likely aid the 

transition of PLC band types. 



110 
 

 

Fig. 4.7 Local strain rate within a PLC band in Al-2.5Mg samples as a function of global strain. 

4.3.3 Peculiar deformation behaviors in Al-10Mg alloy 

As exhibited by the tensile results in Chapter 2, the serration behavior changes with increasing 

Mg content. Especially when the Mg content increases to 10 wt.%, pronounced serrated flow only 

occurs at the late stage of tensile deformation. The deformation behavior seems to be quite different 

with Al-Mg alloys having lower Mg contents. In this section, it is of interest to investigate the 

deformation behavior in Al-10Mg alloy. Fig. 4.8 shows the nominal stress-strain curve of Al-10Mg 

alloy having grain size of 10.4 µm, obtained by tensile tests at room temperature. No pronounced 

serration behavior occurs at small and intermediate strains, which suggests that the deformation in 

this stage appears to be relatively homogeneous. Serration behavior associated with large stress 

drops only appears at the late stage of tensile deformation and the frequency is quite low comparing 

to Al-Mg alloys with lower Mg contents. It is expected that increasing Mg content may enhance 

dynamic strain aging effect and thus exhibit more pronounced serration behavior. However, the 

experimental result indicates that deformation behavior in Al-10Mg alloy may be much more 

complicated. 
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Fig. 4.8 Nominal stress-stain curve for Al-10Mg sample deformed at room temperature with a strain rate of 8.3 × 10-

4 s-1. The inset shows enlarged sections of the stress-strain curve. 

The stress-strain curve obtained by tensile test shows only the average material response, in 

which the local information is hidden. In order to get more details about the deformation behavior 

in the early stage, a DIC measurement was performed to further process the strain rate distribution 

maps during deformation. The corresponding results, exhibited in Fig. 4.9, show a series of strain 

rate maps for the selected stages. It clearly shows that the deformation in the early stage is actually 

heterogeneous, even though the stress-strain curve seems to be smooth. No well-formed PLC band 

is detected, many island-like deformation regions appear at random locations on the gauge part 

and disappear quickly. The plastic deformation is mainly carried out through these island-like 

deformation regions whereas on average it yields a global deformation response that appears to be 

homogeneous. That is, the plastic deformation of Al-10Mg alloy at small and intermediate strain 

levels is heterogeneous on local scale whereas homogeneous on global scale. 
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Fig. 4.9 The strain rate maps for Al-10Mg alloy at selected deformation stage. Island-like deformation regions 

appear at random positions on the gauge part. 

As for the serrated flow appears at large strains, DIC analysis was conducted to link local and 

heterogeneous characteristics to the global deformation response. Fig. 4.10 shows an enlarged part 

of the nominal stress-time curve (corresponding to the strain range of 0.233 ~ 0.34 in Fig. 4.9) and 

the strain rate distribution maps obtained by the DIC analysis. The numbers 1 ~ 9 indicated at the 

synchronized strain rate maps correspond to the positions on the stress-strain curves indicated by 

the same numbers. The DIC strain rate maps clearly shows that type C band nucleates at one end 

of the gauge part and then disappears quickly, manifested by a sudden stress drop in the stress-

strain curve as indicated by point 1 and 2. Soon after the annihilation of type C band, a type A band 

nucleates at the region where type C band has just annihilated during reloading. In contrast to 

previous studies, type A band nucleates during reloading and does not contribute to a stress drop. 

Then, the type A band propagates continuously on the gauge part and annihilates at the central 

region of the gauge part. The appearance of next type C band and the annihilation of type A band 

happen almost simultaneously (as indicated by point 8 and 9, the time interval between these two 
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points is 0.2 s). Type C and type A bands appear alternately and this process repeatedly happens 

till fracture. To our knowledge, these peculiar deformation behaviors have never been reported in 

Al-Mg alloys with lower Mg contents before. Together with the island-like heterogeneous 

deformation behavior mentioned above, these results indicate that the heterogeneous deformation 

behaviors in Al-10Mg alloy are somehow special. The detailed mechanisms that are responsible 

for the island-like heterogeneous deformation and the alternate appearance of type C and type A 

bands will be discussed in the next section. 
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Fig. 4.10 An enlarged part of the nominal stress-time curve for Al-10Mg alloy and corresponding local strain-rate 

maps of the sample at selected stages obtained by the DIC analysis. Type C and type A bands appear alternately. 

4.4 Discussion 

4.4.1 The mechanism for the PLC effect in Al-Mg alloys 

As a starting point for the discussion, it is necessary to revisit the traditional mechanism for 

PLC effect. The most commonly accepted explanation for the origin of the PLC effect is based on 

a model called dynamic strain aging [13–15], which is defined as interaction between the moving 

dislocations and diffusing solute atoms. The mobile dislocations act as carriers of the plastic 

deformation according to this mechanism, and move unsteadily among the obstacles formed by 

other defects. There are two main solute-dislocation interaction models for dynamic strain aging 

in substitutional alloys: (Ⅰ) PLC effect occurs with the fast long-range diffusion (lattice diffusion) 

of solute atoms at a rate faster than the speed of the moving dislocations so as to catch and lock 

them [16]; (Ⅱ) Another consideration is that the diffusion of solute atoms might occur along the 

dislocation core (pipe diffusion) during the residence time of dislocations at obstacles [17–19]. It 

is hypothesized that the change of serration morphologies and corresponding localized 

deformation behaviors are due to transitions in operative dynamic strain aging mechanisms based 

on relative differences between the diffusion rate of the solute atoms and the velocity of the mobile 

dislocations throughout the dynamic strain aging regime. Nevertheless, the dislocation-solute 

interaction models suggest that the Mg content does play a role in serrated flow. The experimental 

results in current study have shown that PLC bands are of different types, and the transition 

between band types occurs upon changes in Mg content. 

However, the traditional dynamic strain aging mechanism by the simple diffusion of solute 

atoms through lattice or dislocation pipes cannot explain the observations in the present alloys. 

Because the diffusion rates of solute Mg atoms are extremely low in Al-Mg alloys at room 
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temperature. For a more detailed consideration, the possibility that substitutional solutes can catch 

up moving dislocations is calculated by simple lattice diffusion in the Al-Mg alloys. The diffusion 

coefficients of Mg elements in Al matrix can be obtained for selected temperatures of 20 ℃, by 

employing the Arrhenius relation: 

𝐷 = 𝐷0𝑒𝑥𝑝 (
−𝑄

𝑅𝑇
) (4 − 1) 

where D0 is diffusion constant (D0=6.2310-4 m2/s for Mg in Al matrix ), Q is the activation energy 

of diffusion (Q=1.19 eV), R is the gas constant, and T is the absolute temperature. Based on Eq. 

(4-1), the average diffusion speed for Mg atoms in Al matrix at room temperature is 3.6 × 10-12 

m/s. Apparently, Mg diffusion rate in Al matrix is too slow to account for dynamic strain aging 

effects observed in Al-Mg alloys at room temperature. Although moving dislocations could be 

obstructed by intersecting other dislocations or slowed down by passing the strong repulsion or 

attraction from other dislocations and have a waiting time for solute atoms coming, the waiting 

time is still very far below that for the long-range solute diffusion in the lattice. In addition, the 

average activation energy for pipe diffusion along the core is about 75% of the bulk value [18], 

which means the diffusion rate is still extremely low. Thus, the explanation based on long-range 

lattice/pipe diffusion cannot account for the PLC effect in the present study. 

To explain the PLC effect observed in the present alloys, the cross-core diffusion model [20] 

has to be taken into account. According to cross-core diffusion theory, the Mg diffusion controlling 

dynamic strain aging occurs inside the dislocation core, from the compression side to the tension 

side of the dislocation slip plane. The cross-core diffusion has both a larger thermodynamic driving 

force and a reduced diffusion activation enthalpy relative to regions outside the core (the activation 

energy is 0.97 eV [20]). The diffusion rate calculated by cross-core diffusion model is 2.8 × 10−10 

m/s, much higher that of lattice diffusion. Therefore. the diffusion can happen quickly within the 
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core region. The cross-core diffusion model could be applied as a partial mechanism to explain the 

PLC effect observed in Al-Mg alloys because solute atoms in or near the dislocation cores are able 

to make rearrangement and pin dislocations in a very short period of time. Instead of taking the 

long-range diffusion route for solute atoms to move through the lattice or forest dislocation cores 

and catch moving or impeded dislocations, the cross-core diffusion mechanism requires only the 

local rearrangement of the solute atoms around cores of dislocations. 

Discussion at multiple length scales is considered for the discussion below, trying to relate 

solute atom-dislocation interactions to localized deformation behaviors. During deformation of 

individual grains, dislocation pile-ups at grain boundaries increase the flow strength of the grain, 

increase the dislocation density, and generate an internal stress which is applied to and activates 

dislocation sources in neighboring grains. Fig. 4.11 shows a schematic illustration of a deforming 

tensile sample and the Frank-Read source pile-up at band front. Localized deformation bands from 

dynamic strain aging are macroscopic deformation, so all the grains within a deformation band 

experience plastic deformation and grains in the rest of the sample are statically loaded (i.e. no 

plastic deformation) and likely exhibit non-uniform levels of strain aging and stress relaxation. 

During tensile testing, plastic deformation within a deformation band causes the band to increase 

in length and decease in cross-sectional area, effectively creating a small localized necking (i.e. 

stress concentrator) in the tensile sample (as shown in Fig. 4.11). The types of deformation bands 

observed are dependent on the local flow stress compared to the local stress needed to activate 

dislocation sources at the band front. 
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Fig. 4.11 Schematic illustration of a deforming tensile sample and Frank-Read source pile-up at the band front. 

In this study, continuous propagation and non-propagation band behaviors are generally 

associated with low and high Mg contents, respectively. The transition from continuous 

propagation to hopping propagation and to nucleation of deformation bands is related to the speed 

that the solute atoms can pin mobile dislocations. In Al-2.5Mg alloy, under constant strain rate, the 

relatively low Mg content leads to a longer time required for the internal stresses to relax. As a 

result, the stress concentration effect of the deformation band front causes the internal stress of the 

deforming grains to exceed the critical stress needed to activate dislocation sources in the grains 

just ahead of the band front, which is characterized as continuous propagation of localized 

deformation band, i.e. type A band. This band continues to propagate until a new band nucleates 

at some other location. The gradual strain distribution along gauge length leads to work hardening 

during band propagation, which is the distinct feature of type A band. 

For type B bands, the potential nucleation sites of the hopping bands are constrained to occur 

within the vicinity of the previous deformation band location. The hopping propagation behavior 

of localized deformation bands involves local internal stress concentrations in the breakaway 

process. The breakaway of a single dislocation initiates the rapid multiplication of dislocations and 

the activation of neighboring previously aged dislocation groups, i.e. triggers the next avalanche. 
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Small groups of dislocations in pileup configuration waiting in front of obstacles can produce local 

stress concentrations, although these dislocation groups are probably spread over a set of adjacent 

glide planes, rather than being strictly coplanar. The balance between the required relaxation time 

of internal stresses with available reloading time (measured between two consecutive stress drops) 

determines the spatial characteristics of deformation bands. Type B bands with its hopping 

characteristics arises when the internal stresses are not totally relaxed and favors the nucleation of 

a new band close to the previous one [21,22]. Klose et al. [23,24] also attempted to explain type B 

band based on a dislocation mechanism approach. They suggested that the hopping propagation of 

deformation bands involves local internal stress concentrations. Such local stress concentrations 

arise from small groups of dislocations in a pile-up configurations held by obstacles. This idea is 

supported by direct TEM observations [25] suggesting the occurrence of a pileup-induced 

dislocation breakaway process during PLC instability. 

In Al-7.5Mg alloy, where non-propagating type C bands were observed, solute Mg atoms have 

a high concentration. Based on the cross-core diffusion model, a higher Mg content can provide 

more abundant solute atoms for re-pinning dislocations and can pin mobile dislocations at a much 

higher rate. During nucleation behaviors, the dislocation avalanches are immediately arrested by 

obstacles after the deformation band forms. The internal stresses induced by strain rate gradient 

are totally relaxed, which makes the band propagation difficult and therefore the band annihilates. 

Higher stress concentrations are required for next dislocation avalanche and the possible 

nucleation site is dependent on the distribution of the total strain throughout the gauge length. 

Location with the lowest amount of total strain has the lowest flow stress along the gauge length 

and therefore the highest probability of nucleating the next deformation band. Therefore, the next 

band will emerge at a random position on the gauge part and the spatial correlation of bands will 
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be lost. 

The results in Fig. 4.6 and Fig. 4.7 indicate that grain size also have strong influence on the 

occurrence and nature of the PLC effect. Grain size reduction favors a transition of PLC band 

propagative feature and increases the magnitude of the stress drop as well as local strain rate within 

PLC band. The propagation behavior of PLC band on the gauge part of a sample can be related to 

dislocation pileups in front of grain boundaries. The grain boundaries and dislocations could be 

obstacles for the motion of PLC band. An increasing PLC band strain rate suggests that the number 

of mobile dislocations involved in band formation is also increasing. The influence of grain 

refinement on dynamic strain aging of Al-Mg alloys can be attributed to larger mobile and forest 

dislocation densities as well as reduced grain boundary spacing, which increase the obstacle 

density, leading to a longer waiting time of dislocations arrested at obstacles [26]. As a result, the 

pinning stress exerted by aging solute atoms increases, and that’s why the serration amplitude and 

local strain rate in PLC band increased with decreasing grain size. 

A further question is that of what determines the transitions between the three types of PLC 

bands. As shown in Fig. 4.2, type A and type B bands can occur in the same Al-2.5Mg (or Al-5Mg) 

sample during tensile deformation, the primary difference between the two conditions is the strain 

level, and thus the dislocation density. Lower and higher dislocation densities promote the 

occurrence of type A and type B bands, respectively. For Al-2.5Mg alloy having different grain 

sizes (as shown in Fig. 4.6), fine-grained sample possesses a higher dislocation density than coarse-

grained sample after a constant strain, which also favors a transition from type A to type B bands. 

Combining the strain and grain size dependence of serration behavior, it is suggested that a certain 

type of PLC band occurs when a critical value of dislocation density is reached. Type A bands 

occurs in Al-Mg alloy with low Mg at low global strain values since the dislocation density is low. 
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The Al-5Mg and Al-7.5Mg alloys have both higher dislocation densities and more abundant Mg 

atoms available for aging of the dislocations, which promote a transition of band types from type 

A to type B, and finally to type C. Therefore, the features of PLC bands depend on the amount of 

obstacles in front of them as well as the speed that the solute atoms can pin mobile dislocations. 

These results support the arguments that both dynamic strain aging and intensive dislocation 

interaction are necessary prerequisites to produce the PLC effect [24]. The more detailed 

mechanisms with deep insights should be clarified after further investigations in the future. 

4.4.2 Mechanisms of peculiar deformation behaviors in Al-10Mg alloy 

Island-like heterogeneous deformation and alternate appearance of type A and type C bands 

were detected in Al-10Mg alloy, as shown in Fig. 4.9 and Fig. 4.10, respectively. These 

heterogeneous deformation behaviors are remarkably different with those observed in Al-Mg 

alloys with lower Mg contents. It is generally accepted that PLC band is related to dislocation 

pinning and depinning, and dynamic strain aging region should be within a certain range of strain 

rate and temperature [27,28]. Numerous studies have shown that the strain rate, temperature and 

solute concentration have effects on the characteristics of PLC band. Therefore, there should be a 

critical condition between the appearance of island-like deformation regions and well-formed PLC 

bands. To understand the mechanism for the occurrence of island-like heterogeneous deformation 

behavior, the effect of strain rate on serration behaviors in Al-10Mg alloy was investigated as a 

first step. The plastic behavior of the Al-10Mg alloy deformed at room temperature in the range of 

strain rates of 8.3 × 10-6 to 8.3 × 10-2 s-1 is shown in Fig. 4.12 (a). It’s noteworthy that the serration 

behavior becomes less pronounced and the stress level decreased when the strain rate decreased 

from 8.3 × 10-4 to 8.3 × 10-6 s-1, indicating a positive strain rate sensitivity. As the strain rate 

increases from 8.3 × 10-4 to 8.3 × 10-2 s-1, the serration behaviors get enhanced whereas the stress 
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level decreases. It is noted that with increasing strain rate, there is a trend of serration types 

changing from type C to type B, and to type A. DIC analysis has confirmed that island-like 

heterogeneous deformation behavior prevails in Al-10Mg alloy when strain rate ≤ 8.3 × 10-4 s-1. In 

our common understanding of dynamic strain aging, decreasing strain rate is expected to enhance 

the serration behavior. But it is not the case for Al-10Mg alloy. A hypothesis is proposed to explain 

this phenomenon: solute Mg atoms around the dislocations may have already reached a saturation 

value in Al-10Mg alloy, thus decreasing strain rate does not contribute to enhanced PLC effect. In 

order to verify the hypothesis is correct or not, the serration behaviors in Al-10Mg alloy under 

different temperatures were also investigated, as shown in Fig. 4.12 (c). Increasing temperature is 

another way which is expected to enhance dynamic strain aging since it accelerates the diffusion 

rate of solute atoms. However, the results show that increasing temperature from RT to 50 ℃ does 

not lead to enhanced serration behavior. For comparison, the serration behaviors in Al-5Mg alloy 

with similar grain size at different strain rates and temperatures were also investigated, as shown 

in Fig. 4.12 (b) and Fig. 4.12 (d), respectively. It can be seen that the serration behavior gets 

enhanced when decreasing the strain rate from 8.3 × 10-4 to 8.3 × 10-5 s-1 or increasing the 

temperature from RT to 50 ℃, which is different with Al-10Mg alloy and therefore indicates the 

hypothesis is reasonable. It’s interesting that characteristics of serrated flow in the stress-strain 

curves of Al-5Mg alloy at 8.3 × 10-4, 8.3 × 10-5 and 8.3 × 10-6 s-1 are similar to that of Al-10Mg 

alloy at 8.3 × 10-3, 8.3 × 10-4 and 8.3 × 10-5 s-1, respectively. It seems that decreasing strain rate 

could compensate the difference in Mg concentration. Based on the concepts of diffusion 

controlled models of dynamic strain aging, island-like heterogeneous deformation behavior is 

expected to be observed in Al-5Mg alloy at low strain rate like 8.3 × 10-5 or 8.3 × 10-6 s-1 because 

a lower strain rate allows atoms to have more time to catch and successfully pin the dislocations. 
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However, even at the an extremely low strain rate of 8.3 × 10-6 s-1, well-formed PLC bands can be 

observed, which is quite different with the island-like deformation regions observed in Al-10Mg 

alloy. These results indicate that the island-like heterogeneous deformation is the intrinsic 

characteristic of Al-10Mg alloy, which cannot be simply explained by diffusion theory. 
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Fig. 4.12 Nominal stress-strain curves of Al-10Mg and Al-5Mg alloys having similar grain size, obtained from 

tensile testing at various strain rates and temperatures. The strain rates and temperatures are indicated in the figures. 

To understand the dynamics of solute atom-dislocation interaction and its influence on the PLC 

effect, the solute drag on moving dislocations during tensile deformation has to be taken into 

account. Zhang and Curtin [29] introduced a model that describes solute drag on a moving 

dislocation in Al-Mg alloy during deformation, taking the cross-core diffusion mechanism into 
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consideration. They used it to study the magnitude of the solute drag effect as a function of the 

dislocation velocity, as well as the role of lattice diffusion vs. cross-core diffusion at different 

dislocation speeds, respectively. In the present study, a comparison of diffusion rate for selected 

temperatures based on lattice diffusion theory and cross-core diffusion theory has been made, as 

listed in Table. 4-1. At low dislocation velocities, the core diffusion is too fast to contribute to the 

drag stress because the core concentration field is nearly in static equilibrium and symmetric 

around the dislocation core, the solute drag stress is controlled by lattice diffusion. A higher strain 

rate is needed to generate an asymmetric distribution of Mg around dislocation core. That’s why 

increasing temperature or decreasing strain rate does not contribute to enhanced serration behavior 

in Al-10Mg alloy, whereas increasing strain rate can promote the occurrence of pronounced 

serration behavior, which further confirms that the hypothesis is reasonable. For Al-5Mg alloy, in 

which the Mg concentration is not saturated, lattice diffusion can make more contribution when 

decreasing strain rate or increasing temperature and therefore lead to enhanced serration behavior. 

No island-like deformation region was observed in Al-5Mg alloy, even when strained at 8.3×10-6 

s-1, indicating that interactions between solute Mg atoms and dislocations might not be the only 

cause for the occurrence of island-like deformation regions and the dislocation structure might 

play a role. 

Table 4-4 Lattice diffusion rate vs. cross-core diffusion rate. 

Temperature (℃) Lattice diffusion (m/s) Cross-core diffusion (m/s) 

20 3.6×10
-12

 2.8×10
-10

 

50 3.2×10
-11

 1.67×10
-9

 

100 5.6×10
-10

 1.7×10
-8

 

  To clarify this matter, the deformation structures of the Al-10Mg alloy after tensile testing to 
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specific strains have been examined by TEM, as shown in Fig. 13. The TEM micrograph in Fig. 

4.13 (a) reveals that planar dislocation arrays form in the early stage of plastic deformation, which 

is quite different with the dislocation structure of Al-Mg alloys having low Mg contents. The planar 

arrays arise from enhanced dislocation multiplication and suppressed cross slip due to the high 

friction stress induced by high Mg concentration. As the strain increases to 0.083, the dislocation 

density increases and planar dislocations on different slip planes seem to interact and form 

dislocation networks. The dislocation mean free paths decrease with the formation of dislocation 

network structure. The dislocation tangles form during dislocation-dislocation interactions are 

obstacles for dislocation motion. Dislocations can be trapped by these obstacles and form 

dislocation pile-ups against these obstacles. As a result, local stress concentrations arise from small 

groups of dislocations in a pile-up configurations held by obstacles. These trapped dislocations 

can overcome the obstacles collectively when the applied stress is increased. Island-like 

deformation regions might be explained by the sudden bursts of collective dislocation motion, and 

these mobile dislocations can be arrested by the obstacles nearby quickly. Thus, these isolated 

deformation regions can’t group together to form a localized deformation band. Many island-like 

heterogeneous deformation regions appear at random locations on the gauge part and this feature 

makes the microscopic deformation appears to be homogeneous, as reflected by the relatively 

smooth stress-strain curve at small and intermediate strains. 
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Fig. 4.13 Bright-field TEM micrographs showing the dislocation morphologies of the Al-10Mg alloy at different 

strain levels. (a) e = 0.036, (b) e = 0.083, (c) e = 0.164, (d) e = 0.237. 

The DIC strain rate maps in Fig. 4.10 have shown that type A and type C bands appear 

alternately at the end of gauge part at large strain levels in Al-10Mg alloy, and the type A bands 

annihilate at the central region of gauge part. Usually, regions along the gauge length that 

experienced local plastic deformation have an increased flow stress compared to locations with 

only elastic deformation and are therefore unlikely to nucleate an additional band until the entire 

gauge length has experienced localized deformation. However, the actual band motion during 

plastic deformation would encounter obstacles, such as forest dislocations and grain boundaries. 

There are waiting times for dislocations to overcome these obstacles by the aid of increased stress. 

Thus, the alternate appearance of type A and type C bands can be explained by the non-uniform 

levels of work hardening and strain aging, which result in differences in local flow stress along the 
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gauge length. For example, as schematically shown in Fig. 4.14 (b), region 2 has longer time of 

strain aging to influence the local flow stress comparing to region 1. The band propagation 

behavior observed is dependent on the local flow stress of grains at region 1 and 2 compared to 

the local stress needed to activate dislocation sources at each region. The longer strain aging time 

makes it difficult for the type A band to propagate to region 2, that’s why type A band annihilates 

and a new type C band nucleates at the shoulder region of the tensile sample on the other end. Due 

to the high dislocation density as well as high Mg content in Al-10Mg alloy, the sudden bursts of 

dislocation motion that corresponds to the formation of type C band were impeded quickly. As for 

a new type A band nucleates at the region where the type C band had just annihilated during 

reloading, the reason is still unclear. The above processes repeatedly occur, leading to the alternate 

appearance of type A and type C bands. 

 

Fig. 4.14 Schematic illustration of the alternate appearance of type A and type C bands in Al-10Mg alloy. 

4.4 Conclusions 

In this study, a systematic study of the spatiotemporal characteristics associated with 

heterogeneous deformation behaviors in Al-Mg alloys having different Mg contents and grain sizes 

has been conducted to reveal the relevant mechanisms. The main conclusions are drawn as follows: 

(1) For Al-2.5Mg, Al-5Mg and Al-7.5Mg alloys having similar grain size, the strain 

localization associated with various band behaviors were observed both spatially and 
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temporally by using DIC technique. At similar strain level, the characteristics of PLC bands 

depend strongly on the Mg content, increasing Mg content promotes a transition from 

continuous propagation (type A) to hopping propagation (type B) and finally to non-

propagation (type C) behaviors. 

(2) For Al-2.5Mg alloy, the serration behaviors and corresponding localized deformation 

behaviors exhibit remarkable grain size dependence. Grain refinement facilitates a 

transition from continuous propagation to hopping propagation behavior. The local strain 

rate increased with decreasing grain size and the deformation behavior becomes more 

heterogeneous. 

(3) The plastic deformation at small and intermediate strains is heterogeneous in Al-10Mg 

alloy, even though no pronounced serrated flow occurs in the stress-strain curve. DIC 

analysis confirms that no PLC band is formed, whereas many island-like deformation 

regions appear on the gauge part. Type A and type C bands appear alternately at large strains. 

Solute Mg around dislocations may have reached saturation in Al-10Mg alloy since 

increasing temperature or decreasing strain rate does not lead to enhanced serration 

behavior, whereas the serration behavior gets enhanced with increasing strain rate. 

(4) TEM observation shows that planar dislocation arrays form in the early stage of plastic 

deformation in Al-10Mg alloy, as a result, the dislocation mean free paths decrease with 

the formation of dislocation networks. Island-like heterogeneous deformation might be 

explained by the sudden bursts of dislocation motion, and these mobile dislocations can be 

arrested by obstacles nearby quickly. Thus, these isolated deformation regions can’t group 

together to form a localized deformation band. 

(5) The deformation behavior observed was dependent on the speed that the solute atoms can 
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pin mobile dislocations and the local flow stress of groups of grains within a deformation 

band due to work hardening. The local rearrangement of Mg atoms by cross-core diffusion 

could be applied as a partial mechanism to explain the PLC effect observed in Al-Mg alloys, 

and detailed analysis suggests that both dynamic strain aging and intensive dislocation 

interactions are necessary prerequisites to produce the PLC effect. 

The focus of this work is to fill some gaps in our understanding of the correlation between the 

nature of serrated flow and the characteristics of band propagation. Although the cross-core 

diffusion theory can partially explain the dynamic strain aging effect in Al-Mg alloys at atomic 

scale, quantification of the microscopic formation mechanisms of the bands and the band motion 

and transition still remains challenging. More theoretical and experimental works on solute-

dislocation and dislocation-dislocation interactions are expected to be done in the future to obtain 

further insights into PLC band formation and propagation events. 
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Chapter 5 Summary and conclusions 

In the present dissertation, the effects of grain size and Mg contents on deformation behavior 

and strengthening mechanisms in Al-Mg alloys were systematically investigated. In order to 

achieve a superior strength and ductility balance, the combined effects of grain size and Mg 

contents on the mechanical properties of Al-Mg alloys were evaluated by room temperature tensile 

tests. Further investigation was conducted to reveal the effects of Mg contents on the deformation 

microstructure evolution and the mechanism of enhanced work hardening in Al-Mg alloys. 

Moreover, the PLC effect was investigated to understand the fundamental features of 

heterogeneous deformation in Al-Mg alloys, with a special focus on the grain size and Mg content 

effects. The main conclusions obtained in each chapter are briefly summarized as follows: 

In Chapter 1, the background and purpose of the study were introduced. 

In Chapter 2, the effects of grain size and Mg contents on mechanical properties and 

strengthening mechanisms of Al-Mg alloys were systematically investigated. Fully recrystallized 

Al-2.5Mg, Al-5Mg, Al-7.5Mg and Al-10Mg alloys with various grain sizes ranging from 0.24 µm 

to 134 µm were fabricated by HPT/cold rolling and subsequent annealing. Systematic tensile tests 

confirmed the accurate and reliable Hall-Petch relationships, where extra-hardening phenomena 

accompanying with discontinuous yielding behaviors were observed in the fine-grained regimes. 

It was found that Mg addition contributed not only to solid solution hardening but also to enhanced 

grain boundary strengthening. The Hall-Petch slope showed a large increase after adding 2.5 wt.% 

Mg to Al matrix, but then varied little with further increase in Mg content. The effect of solute Mg 

on Hall-Petch slope was discussed based on the physical models of the Hall-Petch relationship. It 

was considered that grain boundary segregation of solute Mg may alter the nature of grain 

boundaries and enhance the grain boundary resistance against dislocation slip, but the Mg 
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concentration at grain boundaries may have already reached saturation in Al-2.5Mg alloy. In 

addition, it was found that the yield point phenomena played an important role in the uniform 

elongation of Al-Mg alloys. By the DIC analysis, it was confirmed that the drastic loss of uniform 

elongation was attributed to the enhanced early plastic instability associated with the occurrence 

of discontinuous yielding behavior in ultrafine-grained materials. The work-hardening rate 

increases with increasing Mg content, which can alleviate strain localization and thus postpone the 

occurrence of early necking while decreasing the grain size. Strength-ductility synergy in Al-Mg 

alloys could be achieved through combining optimized grain refinement with Mg addition. 

In Chapter 3, the role of substitutional Mg atoms in the dislocation density evolution and work 

hardening in Al-Mg alloys was investigated. Fully recrystallized Al-2.5Mg, Al-5Mg and Al-7.5Mg 

alloys having similar grain size (~10 µm) were fabricated by HPT and subsequent annealing 

process. The mechanical properties and work-hardening behavior had been investigated after 

quasi-static tensile deformation. The results showed that the yield strength and work-hardening 

rate increase with increasing Mg content, resulting in large tensile strength and ductility. In-situ 

synchrotron XRD measurement was employed to evaluate the evolution of dislocation density and 

dislocation arrangement during tensile deformation. The XRD results showed that the dislocation 

density increases faster with strain in Al-Mg alloys having higher Mg contents. Meanwhile, the 

extent of dislocation rearrangement decreases with increasing Mg content during tensile 

deformation. TEM observation for deformation structures had confirmed that the addition of solute 

Mg atoms could hinder dislocation cross slip and promote a transition from wavy slip to planar 

slip, resulting in a lower rate of dynamic recovery and therefore a higher rate of dislocation 

accumulation. The present experimental results demonstrated that the Mg atoms played a vital role 

in the accumulation of dislocations and therefore the work-hardening rate of Al-Mg alloys. Al-Mg 
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alloys with higher Mg contents possessed much higher dislocation density compared to the low-

alloyed Al-Mg alloys because of the important role of solute-dislocation and solute-solute 

interactions. Thus, adding Mg could be an effective way to improve the strength-ductility synergy 

of Al-Mg alloys due to high solid solution strengthening and enhanced work hardening. 

In Chapter 4, the spatiotemporal characteristics associated with heterogeneous deformation 

behaviors in Al-Mg alloys were investigated to reveal the relevant mechanisms. It was found that 

the characteristics of PLC bands depended strongly on the Mg content and grain size. For Al-

2.5Mg, Al-5Mg and Al-7.5Mg alloys having similar grain size (~35 µm), increasing Mg content 

promoted a transition from continuous propagation to hopping propagation and finally to non-

propagation behaviors. On the other hand, grain refinement also facilitated a transition from 

continuous propagation to hopping propagation behaviors in Al-2.5Mg alloy. Through qualitative 

and quantitative deduction, the traditional dynamic strain aging mechanisms based on long-range 

lattice/pipe diffusion were disproved. The local rearrangement of the solute atoms by cross-core 

diffusion could be applied as a partial mechanism to explain the PLC effect observed in Al-Mg 

alloys, and detailed analysis suggested that that both dynamic strain aging and intensive dislocation 

interactions were necessary prerequisites to produce the PLC instabilities. The types of 

deformation bands observed were dependent on the speed that the solute atoms can pin mobile 

dislocations and the local flow stress within the deformation band. 

Detailed DIC analysis showed that island-like heterogeneous deformation and alternate 

appearance of type A and type C bands occurred in Al-10Mg alloy, which were quite different 

with the heterogeneous deformation behaviors in Al-Mg alloys with lower Mg contents. For the 

Island-like heterogeneous deformation at small and intermediate strains, it was considered that 

solute Mg around dislocations may have reached saturation in Al-10Mg alloy since decreasing the 
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strain rate from 8.3 × 10-4 to 8.3 × 10-5 s-1 or increasing the temperature from room temperature to 

50 ℃ did not lead to enhanced serration behavior, whereas increasing strain rate promoted the 

occurrence of pronounced serration behavior. In contrast, a parallel study on Al-5Mg alloy showed 

that the serration behavior got enhanced when decreasing the strain rate from 8.3 × 10-4 to 8.3 × 

10-5 s-1 or increasing the temperature from room temperature to 50 ℃. Therefore, it should be 

reasonable to consider that solute Mg around dislocations may have reached saturation in Al-10Mg 

alloy. It was believed that the island-like heterogeneous deformation was the intrinsic 

characteristic of Al-10Mg alloy and could not be simply explained by diffusion theory because 

island-like heterogeneous deformation was not observed in Al-5Mg alloy even at an extremely low 

strain rate of 8.3 × 10-6 s-1. TEM observation showed that planar dislocation arrays form in the 

early stage of plastic deformation in Al-10Mg alloy, as a result, the dislocation mean free paths 

decreased with the formation of dislocation networks. Island-like heterogeneous deformation 

might be explained by the sudden bursts of dislocation motion, and these mobile dislocations could 

be arrested by obstacles nearby quickly. Consequently, the isolated island-like deformation regions 

could not group together to form a localized deformation band. As for the alternate appearance of 

type A and type C bands, the propagation and annihilation of type A band could be explained by 

the non-uniform levels of work hardening and strain aging; however, the mechanism for a type A 

band nucleated at the region where type C band had just annihilated during reloading is still unclear. 

The results obtained in this study provide new insights into the effects of grain size and Mg 

contents on deformation behavior and strengthening mechanisms in Al-Mg alloys, and may also 

contribute to the understanding of work hardening and heterogeneous deformation in other 

substitutional solid solutions. Further investigation is required to clarify the mechanism of 

enhanced grain boundary strengthening due to grain boundary segregation and the mechanism of 
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yielding phenomenon at grain boundary in both ultrafine-grained regimes and coarse-grained 

regimes. In addition, there’s still a gap between atomic-scale dynamic strain aging and 

macroscopic heterogeneous deformation, quantification of the microscopic formation mechanisms 

of the bands and the band motion and transition still remains challenging. More theoretical and 

experimental works on solute-dislocation and dislocation-dislocation interactions are expected to 

be done in the future to obtain further information on the PLC band formation and propagation 

events. 
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