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Chapter 1 

General Introduction 

 

 

1.1  Hierarchical Structures in Crystalline Polyolefins 

Polyolefins are polymers consisting of simple alkenes as monomers. Typical 

examples are polyethylene (PE) and polypropylene (PP).1 Even though they are relatively 

inexpensive among polymer materials, they have low weight and excellent mechanical 

properties, and show good weatherability since they do not have double bonds and are 

resistant to degradation. They also show excellent water and chemical resistances. For 

such reasons, they are used in a wide range of applications such as containers, bags, and 

automotive materials, and thus are one of the most important materials for daily life. The 

superior physical properties of the polyolefins are owing to their hierarchical structures.  

When crystalline polymer materials, including crystalline polyolefins, crystallize 

from melt in a static field, they form hierarchical structures over a wide spatial scale, as 

shown in figure 1.1.2 On the scale of Å, the chains are systematically folded and packed 

to form crystalline lattice structures. Wide-angle X-ray scattering (WAXS) is the most 

commonly used for analysis. On the scale of nm, crystalline and amorphous phases are 

alternately stacked to form lamellar structures. They can be observed by electron 

microscopy, atomic force microscopy (AFM), small-angle X-ray scattering (SAXS), etc. 

On the scale of a couple of 100 nm, or submicron scale, the grown lamellae form 

branching structures. They are also observed by electron microscopy, AFM, ultra-small-

angle X-ray scattering (USAXS), etc. On the scale larger than μm, the lamellar branching 
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structures fill the spherulitic structures. Optical microscope (OM) is the most commonly 

used for observations. Light scattering (LS) can also be applied for samples with high 

transmittance. 

 

1.2  Effect of Stress Field on Crystallization Process 

The self-assembly of the hierarchical structures described above is affected by 

the stress field in the system. In the formation of the crystalline lattice structures and the 

lamellar structures associating with chain folding, the spatial inhomogeneity of the stress 

field caused by the spatial inhomogeneity of the entanglements affects the formation.  

Figure 1.1 Hierarchical structures in crystalline polymers (example of PE) and typical 

observation techniques. 
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In the crystallization from melts, a nucleus first forms, and then the chains attach 

to the nucleus. The formation of a three-dimensional (3D) nucleus in the melt is called 

primary nucleation, and the attachment of chains to the nucleus to form a two-dimensional 

(2D) nucleus is called secondary nucleation. When the primary nucleus forms consisting 

of a length l and a width a as shown in Figure 1.2(a), the change in the free energy of 

formation ∆𝜙  associating with the primary nucleus is expressed as3 

 

∆𝜙 = 2𝑎 𝜎 + 4𝑎𝑙𝜎 − 𝑎 𝑙∆𝑓 (1.1) 

 

where, σe, σ, and Δf are the surface free energy of the chain folding plane, the surface free 

energy of the plane along the chain, and the free energy of fusion per unit volume, 

respectively. Differentiating by a and l, respectively, the size of the critical nucleus can 

be obtained as 

 

𝑎 ∗ =
4𝜎

∆𝑓
=

4𝜎𝑇

∆𝐻∆𝑇
 (1.2) 

𝑙 ∗ =
4𝜎

∆𝑓
=

4𝜎 𝑇

∆𝐻∆𝑇
 (1.3) 

∆𝜙 ∗ =
∆

  (1.4) 

 

Tm
0 is the equilibrium melting temperature, ΔT is the degree of supercooling, and ΔH is 

the enthalpy of fusion per unit volume. Actually, the primary nucleation cannot be directly 

observed, but the secondary nucleation can. The free energy required for secondary 

nucleation is much lower than that for primary nucleation. Therefore, chains sequentially 

attach and the crystal growth proceeds until the growth front collides with the neighboring 
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spherulites. The secondary nucleation model is called Lauritzen-Hoffman (L-H) theory.3,4 

As shown in Figure 1.2(b), when the secondary nucleus forms consisting of a length l, a 

width a, and a stem thickness bs, ∆𝜙 associating with secondary nucleus is expressed 

as3,4 

 

∆𝜙 = 2a𝑏 𝜎 + 2𝑏 𝑙𝜎 − 𝑎𝑏 𝑙∆𝑓 (1.5) 

 

Differentiating by a and l, respectively, the size of the critical nucleus can be obtained as 

 

𝑎∗ =
2𝜎

∆𝑓
=

2𝜎𝑇

∆𝐻∆𝑇
 (1.6) 

𝑙∗ =
2𝜎

∆𝑓
=

2𝜎 𝑇

∆𝐻∆𝑇
 (1.7) 

∆𝜙∗ =
∆

  (1.8) 

 

The crystal growth rate G at the crystallization temperature Tc is expressed as the rate of 

overcoming the barrier that is the sum of the critical nucleation energy ∆𝜙∗ and the mole 

energy of chain diffusion ΔE.3,4 

 

𝐺 = 𝐺 exp (
∆

)exp (
∆

)  (1.9) 

 

G0 is the constant that hardly depends on temperature, R is the gas constant, and K = 

4bsσeσTm
0/kBΔH. kB is the Boltzmann constant. This theory successfully describes the 

crystal growth rate of most polymer species. ΔE in Eq. (1.9) is associated with the 

inhomogeneity of entanglements and stress field. Since the crystalline lattice structures 



5 

 

 

cannot include the entanglements, their spatial inhomogeneity increases with the progress 

of crystallization. In the case of a high-entropy phase such as a hexagonal phase, the 

chains can slide within the lattice along the chain direction, eliminating the 

inhomogeneity of entanglements and stress field in the amorphous regions.5,6  

In the formation of the lamellar branching structures, the spatial inhomogeneity 

of the stress field leads to the instability at the growth front and lamellar branching. I 

describe the mechanism of lamellar branching, which has been recently proposed by Toda 

et al.7,8 

When the lamellae at the growth front reaches a critical width λ*, it destabilizes 

and splits into two branches. This is dynamically coupled with the reorientation due to 

inherent torsional stress. This coupling induces the independent growth of each branch. 

As each branch grows and reaches λ*, it again branches and reorients. This process 

Figure 1.2 Models of (a) primary and (b) secondary nucleation. The nucleus consists 

of a length l, a width a, and a stem thickness bs, 
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repeatedly occurs. Figure 1.3 shows the schematic illustration of this concept. The origin 

of the inherent torsional stress is considered to be the stress on the upper and lower 

surfaces of the lamellae due to the congestion of chain folds, cilia, and tie chains.8,9 

It has been pointed out for many years that the gradient of the chemical potential 

on the liquid side of the growth surface causes the instability.11-13 The fluctuation of the 

growth front increases because more driving force for crystallization is generated farther 

from the growth front. Figure 1.4 shows the schematic illustration. Toda et al. proved that 

this gradient originates from the pressure field, or the difference in the density between 

crystal and amorphous phases. In other words, the nature of lamellar branching is 

considered to be the same as viscous fingering (Saffman-Taylor instability)14,15 observed 

in dynamically asymmetric systems. 

Let us consider a lamellar crystal as an x-y plane, with the y-axis in the growth 

direction and the x-axis perpendicular to the growth direction. Then, the shape of the 

interface at the growth front can be defined as y(x) = y0 + Agfcos(qgf x) using the amplitude 

and wavenumber of the fluctuation, Agf and qgf, respectively. y0 is the mean position. This 

fluctuation is stabilized by the surface tension σ.12 Considering these contributions, the 

driving force for crystallization at the growth front, or the difference in chemical potential 

per segment Δμ, can be expressed as7,8 

 

∆𝜇 ≅ ∆𝜇 + 𝑎 (𝑦 − 𝑦 ) + 𝑣 𝜎
d 𝑦

d𝑥
  

                = ∆𝜇 + 𝑎 − 𝑣 𝜎𝑞 𝐴 cos 𝑞 𝑥   (1.10) 

 

where Δμ0 is Δμ at the mean position, ag is the gradient, and vc is the specific volume of 

the segment in the crystalline phase. When 𝑎 − 𝑣 𝜎𝑞 > 0, the fluctuation accelerates 
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Figure 1.3 Schematic illustration of dynamic coupling between lamellar branching 

and reorientation. λ* and Δθ denote the critical lamellar width and the angle of 

reorientation, respectively. 

Figure 1.4 Schematic illustration of the gradient field spontaneously formed at the 

growth front and the change in the chemical potential due to the gradient. 
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and lamellar branching occurs. Therefore, the critical width is obtained as 

 

𝜆∗ = 2𝜋
⁄

  (1.11) 

 

Using Clausius-Clapeyron relation of the melting line, ag can be expressed as 

 

𝑎 =
∆ (∆ )

=
∆ ∆

∆
= ∆𝑣   (1.12) 

 

where p is the pressure, ∆v is the difference in the density between crystalline and 

amorphous phases, and ∆Hs and ∆Ss are the enthalpy and entropy of fusion per segment, 

respectively. 

The pressure gradient in the fluid of viscosity η causes the shear flow of thickness 

bf with the flow rate u, which balances the difference in the density, as8  

 

𝜕𝑝

𝜕𝑦
=

12𝜂

𝑏
𝑢 =

12𝜂

𝑏

∆𝑣

𝑣
𝐺 (1.13) 

 

From Eqs. (1.11)–(1.13), the critical lamellar width is obtained as 

 

𝜆∗ = 2𝜋𝑏
𝑣

∆𝑣

𝜎

12𝐺𝜂

⁄

 (1.14) 

 

This equation shows that the lower viscosity of the matrix region makes the interface 

more stable and the lamellar width larger, similar to viscous fingering. In summary, the 

stress field in the melts should determine the morphology of the lamellar branching 
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structures. However, the effects of the stress field have not been clarified. 

 

1.3  Effect of Stress Field on Self-Assembling Process under 

Deformation 

The spatial inhomogeneity of the stress field also affects the structural changes 

in crystalline polymers during the deformation process. The crystalline lattice structures 

and lamellar structures under deformation has been well investigated. Crystalline 

polymers exhibit one or two yield points on the stress-strain curve under tensile tests. The 

origin of the yielding behaviors has been discussed mainly using SAXS and WAXS. 

Researchers have found that the yielding behaviors originate from so-called “slip” 

behaviors on the nm scale, or the scale of the lamellar structures.2,16,17 The slips are 

categorized as interlamellar slip and intralamellar slip. During interlamellar slip, only 

amorphous regions in the lamellar structures are deformed by stretching, and the slip 

deformation between crystalline regions occurs. Intralamellar slip is further categorized 

as fine slip and coarse slip. Coarse slip describes the fragmentation of the crystalline 

regions into mosaic blocks. Fine slip corresponds to homogeneous block shearing, which 

leads to transformation into a metastable phase, or monoclinic phase. The intralamellar 

slip facilitates the chains in the crystalline regions becoming oriented parallel to the 

stretching direction in contrast to interlamellar slip. Figure 1.5 shows the schematic 

illustration of these slipping processes. 

On the other hand, the effect of the spatial inhomogeneity of the stress field due 

to the lamellar branching structures has not been clarified. Recently, however, USAXS 

has been established to observe submicron-scale structures, and has enabled us to observe 
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changes in the lamellar branching structures.18 Takenaka et al. observed a butterfly pattern 

in PE by USAXS, where the intensity increased in the direction parallel to the stretching 

direction around the yield point.19 The butterfly pattern is also observed by small-angle 

neutron scattering (SANS) on gels under deformation20 and LS on semidilute solutions 

under simple shear.21 The butterfly pattern characterizes coupling between the 

concentration fluctuation and the stress originating from the dynamic asymmetry between 

polymer and solvent, which Doi and Onuki theoretically proved.22 Later, Furukawa and 

Tanaka theoretically proved that coupling between the density fluctuation and the stress 

Figure 1.5 Representative slipping processes in the lamellar structures during uniaxial 

stretching. 
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can lead to mechanical instability, even if a single-component material such as glass is 

deformed at a rate slower than the glass transition.23,24 We can expect that the theory can 

describe the strain-induced density fluctuations in the crystalline polymer. I briefly 

describe this theory below. 

The essence of this theory is that the density dependence of viscosity is explicitly 

considered in the Navier-Stokes equation for compressible fluids. the density 𝜌(𝐫, 𝑡) at 

position r and time t obeys the continuity equation: 

 

𝜕

𝜕𝑡
𝜌 = −∇ ∙ (𝜌𝐯) (1.15) 

 

where v is the velocity field. The velocity field obeys the Navier-Stokes equation: 

 

ρ
𝜕

𝜕𝑡
+ 𝐯 ∙ ∇ 𝐯 = −∇ ∙ Π⃖⃗ + ∇ ∙ 𝜎 (1.16) 

 

where Π⃖⃗ and 𝜎 are the pressure tensor and the viscous stress tensor, respectively. The 

linearized equation of motion for the volume dilation rate Z = v under uniaxial 

stretching is derived in the Fourier representation in q space as24 

 

𝜌
𝜕𝑍𝐪

𝜕𝑡
−

𝜀̇

2
𝑞

𝜕

𝜕𝑞
𝑍𝐪 − 𝑞

𝜕

𝜕𝑞
𝑍𝐪 + 𝑖𝜀̇ 𝑞 𝑣 𝐪 − 𝑞 𝑣 𝐪   

= −
2𝑑 − 2

𝑑
𝜂 + 𝜁 𝑞 𝑍𝐪 +

1

𝐾 𝜌
𝑞 𝜌𝐪 −

𝜕𝜂

𝜕𝜌
𝜀̇(𝑞 − 𝑞 )𝜌𝐪 (1.17) 

 

where ρ0, η, d, 𝜀̇, and KT are the spatially averaged density, viscosity, spatial dimension, 

strain rate, and isothermal compressibility, respectively. η0 and ζ0 are η and the bulk 
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viscosity at ρ0, respectively. The second term on the right-hand side suppresses the density 

fluctuation, while the third term on the right-hand side increases the density fluctuation. 

Considering the balance of them, the critical strain rate 𝜀̇  is obtained as 

 

𝜀̇ =
𝜕𝜂

𝜕𝑝
 (1.18) 

 

In the case of high-viscosity fluids such as polymer materials, 𝜀̇  is small enough to be 

evaluated experimentally because their viscosity strongly depends on the density. In 

contrast, in the case of low-viscosity fluids such as water under normal temperature and 

pressure, an extremely large 𝜀̇  is required. In such a case, instability due to turbulence 

or other mechanisms, which is different from the present theory, is considered to dominate 

the cavitation. 

The interpretation of the butterfly pattern found in PE is that the stress field 

dynamically coupled with the density fluctuations, or the crystallinity fluctuations, on the 

scale of the lamellar branching structures induces the enhancement in the density 

fluctuations. However, there have been no in-situ observations of the evolution of density 

fluctuations in crystalline polymers. Thus, it has not been clarified how the strain-induced 

density fluctuations affect the mechanical properties and are affected by the primary 

structures. 

 

1.4  Motivation and Outline of This Thesis 

Polymer materials experience a process from molding (crystallization) to 

practical use or mechanical testing (fracture). As described above, it has recently been 
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proposed that the stress field might have the significant effects on these processes. In this 

thesis, I investigated the role of the stress field using PE, which has the simplest primary 

structure among polyolefins, comparing its results with those of several different 

polyolefins as appropriate.  

In Chapter 2, I studied the effect of the viscosity of the melts on the morphology 

during crystallization. The morphology of poly(3-methylbutene-1) (P3MB1), which has 

very high melting temperature (Tm
0 = 323°C), was compared with that of PE, whose 

thermodynamic parameters are already known. P3MB1 has not been industrialized so far 

and is expected to be a new polymer material with high heat resistance. I demonstrate that 

the stress field can determine the morphology of the lamellar branching.  

In Chapter 3, I attempted to clarify the spatial distribution of the dynamic 

inhomogeneity in a crystalline polyolefin after crystallization by focusing on the 

difference in solvent swelling properties due to the difference in mobility. I used ethylene-

octene copolymer (EOC), which is also called as very low-density PE (VLDPE).1 Such a 

low crystallinity polymer makes it easier to evaluate the spatial correlation between the 

crystallites and rigid amorphous regions. Contrast variation SAXS (CV-SAXS) using two 

solvent mixtures with equivalent interactions with EOC and pulsed proton nuclear 

magnetic resonance (1H-NMR) revealed the presence of the rigid amorphous regions 

surrounding the crystallites. 

In Chapter 4, I investigated the changes in the hierarchical structures of high-

density PE (HDPE) and linear low-density PE (LLDPE) under uniaxial stretching by 

means of time-resolved USAXS, SAXS, and WAXS. I observed butterfly patterns in 

USAXS for both samples, and found the correlation between the enhancement of the 

density fluctuations and the generation of voids. In other words, the dynamic asymmetry 
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on the submicron (lamellar branching) scale dominates the mechanical properties of PE. 

In Chapter 5, in order to investigate the factors governing the strain-induced 

density fluctuations (SIDF) in PE, I observed the changes in the hierarchical structures of 

LLDPE with different comonomer species and contents, using the same method as in 

Chapter 4. I performed detailed analyses, focusing on the density fluctuations on the 

submicron scale before stretching and mechanical melting during stretching. 

In Chapter 6, I conducted to visualize the SIDF and the spatial inhomogeneity of 

chain orientation in PE by means of scanning transmission X-ray microscopy (STXM). 

It is expected that stretching induces not only the enhancement of the density fluctuations 

but also the orientation fluctuations. I attempted the real-space observation of the SIDF 

and the accompanying orientation fluctuations by STXM of the stretched specimen. 
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Chapter 2 

Effect of Stress Field on Lamellar Branching 

during Isothermal Crystallization  

 

 

2.1  Introduction 

One of the most important parameters of polyolefins is their melting temperature 

(Tm), which depends on their monomer structures. For example, the melting temperatures 

of polyethylene (PE) and isotactic polypropylene (iPP) are approximately 120 °C and 

160 °C, respectively; further, polyolefins show relatively poor heat resistance. Though 

isotactic poly(4-methylpentene-1) (P4MP1) has a high Tm (~ 240 °C1-3) and shows 

relatively high heat resistance among commercially available polyolefins, polyolefins 

with higher heat resistance are required. Isotactic poly(3-methylbutene-1) (P3MB1) has 

a higher Tm (~ 305 °C4,5) than P4MP1 and is thus expected to be a new polymer material 

with high heat resistance. The chemical structure of P3MB1 is shown in Figure 2.1(c). 

However, P3MB1 is very brittle, and for practical use, its mechanical properties need to 

be improved by controlling the morphologies. Hence, it is very important to understand 

the formation process of the crystalline structure of P3MB1. There are no studies on the 

isothermal crystallization of P3MB1, although there are studies regarding the crystal 

lattice6-8 or the softening point.4,5  

In this chapter, the changes in morphologies of P3MB1 during isothermal 

crystallization were investigated and discussed in conjunction with the measured 

thermodynamic parameters, such as the enthalpy of fusion, thickness and surface free 
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energy of lamellae, to understand the effect of the high Tm of P3MB1 on the crystallization 

dynamics. Since crystalline polymers form hierarchical structures over a wide spatial 

scale, it is necessary to employ various techniques to observe the hierarchical structures. 

For in-situ observations over a wide spatial scale from 0.1 nm to several μm, optical 

microscopy (OM), small-angle X-ray scattering (SAXS), and wide-angle X-ray scattering 

(WAXS) measurements using synchrotron radiation were conducted. Fast scanning 

calorimetry (FSC) and pressure-volume-temperature (PVT) measurements were also 

conducted to evaluate the thermodynamic parameters of P3MB1.  

 

2.2  Experimental Section 

2.2.1  Sample Preparation 

P3MB1 powder was polymerized with conventional Ziegler-Natta catalysts. The 

P3MB1 powder was vacuum-pressed above Tm and quenched by cold pressing at room 

temperature, to obtain a film specimen of thickness 0.5 mm. I performed differential 

scanning calorimetry (DSC) measurements at a heating rate of 10 °C/min, and determined 

the Tm and the glass transition temperature (Tg) of P3MB1 to be 304 °C and 51 °C, 

respectively, which agree with the values reported previously5,9.  

 

2.2.2  FSC Measurements 

FSC measurements were performed with a Flash DSC (METTLER TOREDO) 

system. A 10 μm-thin film was cut out from the P3MB1 film specimen. The film was 

placed on a chip sensor and pre-melted at 340 °C for 1 s to ensure good adhesion to the 

sensor. Measurements were carried out as follows: First, the sample was held at 340 °C 

for 0.1 s, and quenched to the pre-set crystallization temperature (Tc) at a cooling rate of 
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4000 °C/s. After isothermal crystallization for 1 min, the sample was heated at the pre-set 

rate and the heat flow was recorded. Tc was set to a range of 220 to 295 °C, and the heating 

rate (βH) was set to a range of 10 to 5000 °C/s. 

 

2.2.3  OM Observations 

The isothermal crystallization dynamics of P3MB1 was investigated at various 

Tc (297, 290 and 275 °C) after being quenched from the melt at Ti (348 °C). BX50 

(Olympus) was used for OM. A piece of the film specimen was pressed to a thickness of 

50 μm and sandwiched between two cover glasses to obtain a sample for the OM 

observations. Quench was attained as follows: First, the sample was set on the heater 

stage at Ti (heater stage Ⅰ). After maintaining the sample for 5 min at Ti to erase the thermal 

history, it was slid from heater stage Ⅰ to another heater stage at Tc (heater stage Ⅱ). 

Subsequently, isothermal crystallization was observed. When the transfer was completed, 

the time (t) was set to zero.  

 

2.2.4 Simultaneous SAXS and WAXS Measurements 

Simultaneous synchrotron radiation SAXS and WAXS measurements were 

carried out under the same crystallization conditions as for the OM observation using the 

beamline BL03XU at SPring-8, Hyogo, Japan.10 The wavelength of the incident X-rays 

was 0.1 nm. For the SAXS and WAXS measurements at Tc = 297 °C, a charge-coupled 

device camera with an image intensifier and a flat panel detector were used as detectors, 

the sample-to-detector distances were 2461 mm and 64 mm, and the exposure times were 

100 ms and 330 ms, respectively; the scattering images were acquired every second. For 

the SAXS and WAXS measurements at Tc = 290 and 275 °C, Pilatus 1M (DECTRIS) and 
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a flat panel detector were used as detectors, the sample-to-detector distances were 2421 

mm and 68 mm, and the exposure times were 670 ms and 670 ms, respectively; the 

scattering images were acquired every second. Quench was attained as follows: First, the 

specimens filled in sample cells with 12.5 μm-thick Kapton windows were set in a heater 

block at Ti (heater block Ⅰ). After maintaining the samples for 5 min at Ti, the cell was 

transferred to another heater block (heater block Ⅱ) set to Tc. When the transfer was 

completed, t was set to zero, as in the OM observations. 

 

2.2.5  Parameter Collection for Determining ΔH of P3MB1  

In addition, to calculate the enthalpy of fusion, another WAXS measurement was 

performed. The P3MB1 film was placed in the abovementioned sample cell for the X-ray 

scattering experiment, and the WAXS measurements were performed in the range of 200–

280 °C with NANO-Viewer (RIGAKU) and another heater block. PILATUS 10K 

(DECTRIS) was used as a detector. The wavelength of the incident X-rays was 0.154 nm. 

The sample-to-detector distance was 91 mm, and the exposure time was 20 min. 

The zero-shear viscosity (η) at 310 °C was measured by a rheometer, ARES (TA 

Instruments). The strain was 5% and the angular frequency was 0.1 to 500 rad/s. 

PVT measurements were performed with the GNOMIX apparatus. A few pieces 

of the P3MB1 film were vacuum-dried at 80 °C for 4 h and then sealed in the sample cell. 

The change in the specific volume during isobaric heating was recorded. The pressure 

was set to a range of 20 to 100 MPa, and the heating rate was 4 °C/min. The temperature 

dependence of the specific volume at 0 MPa was calculated from the results of the 

isothermal measurement in the range of 10–30 MPa. 
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2.3  Results and Discussion 

2.3.1  Determination of Tm0 of P3MB1 by FSC Measurement 

I estimated the equilibrium melting temperature (Tm
0) by using the Hoffman-

Weeks (H-W) plot11 with the FSC measurements12,13. In the H-W plots, the intersection 

between Tm = Tc and the linear line extrapolated from the plots of Tm(Tc) vs Tc corresponds 

to Tm
0, where Tm(Tc) is the melting temperature of the crystals crystallized at Tc. Tm(Tc) 

can be estimated by measuring the βH dependence of Tm during quick melting processes 

from the crystals crystallized at Tc, with the FSC measurements. It should be noted that 

slow cooling induces crystallization during the cooling processes with conventional DSC 

measurements; therefore, we cannot obtain the crystals crystallized at Tc and estimate 

Tm(Tc) correctly with slow cooling. Figure 2.1(a) shows the βH dependence of the heat 

flow during heating processes in the P3MB1 samples crystallized at Tc = 280 °C. The 

peaks corresponding to Tm can be observed in each curve. As βH decreases, the peak 

temperature Tp shifts to a lower temperature. I also measured the βH dependence of the 

heat flow for the P3MB1 samples crystallized at Tc = 283–295 °C. At Tc < 280 °C, the 

crystallization occurred during quenching; hence, Tm(Tc) could not be evaluated 

accurately. Figure 2.1(b) shows the βH dependence of Tp(Tc) for various Tc. According to 

Toda et al.14, the βH dependence of Tp(Tc) for Tc is expressed by  

 

𝑇 (𝑇 ) = 𝑇 (𝑇 ) + 𝐴 𝛽  (2.1) 

 

where Af and z are constants. The solid lines are the fitting results with Eq. (2.1), showing 

that Eq. (2.1) can express the experimental results and Tm(Tc) for 280–295 °C can be 

estimated. Figure 2.1(c) shows the H-W plot or Tm(Tc) as a function of Tc. The plot shows 
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a linear relationship, and Tm
0 (= 322.9 °C) is obtained from the intersection between the 

line of Tm = Tc and the linear line extrapolated from the plot of Tm(Tc) vs Tc. 

 

2.3.2  OM Observation during Isothermal Crystallization 

The OM images at each Tc are shown in Figure 2.2. The OM images at Tc = 

275 °C were observed under the crossed Nicols condition. In contrast, I observed 

Figure 2.1 (a) Melting behaviors of P3MB1 after isothermal crystallization at Tc = 

280 °C measured by FSC. (b) βH dependence of melting peak temperatures for P3MB1 

crystallized at various Tc. The solid lines are the fitting curves expressed by Eq. (2.1). 

(c) Hoffman-Weeks plots for P3MB1. Tm
0 = 322.9 °C. 



23 

 

 

the OM images under the parallel Nicols conditions at Tc = 290 and 297 °C, because I 

could not obtain enough contrast under the crossed Nicols condition. As shown in Figure 

2.2(a), needle-like crystals developed during the isothermal crystallization at Tc = 297 °C. 

At t = 580 s, the longitudinal size of the crystals reached 100 μm. This morphology is 

quite different from that of the spherulites commonly observed in PE. In addition, the 

needle-like crystals flow in the melts. 

At Tc = 290 °C, the needle-like crystals and axialites coexisted (Figure 2.2(b)). 

The change in morphology was not observed after t = 40 s. The needle-like crystals flow 

while the axialites appear not to flow in the melts. I could not observe the needle-like 

Figure 2.2 Representative OM images at Tc = (a) 297 °C, (b) 290 °C, and (c) 275 °C. 

(c) was obtained under the crossed Nicols condition. 
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crystals and the axialites clearly under the crossed Nicols condition. These crystals are 

considered thinner than spherulites, and hence cannot make sufficient retardation. 

At Tc = 275 °C, isotropic crystals grew immediately after quenching and collided 

with each other, following which the growth stopped (Figure 2.2(c)). I could not 

distinguish whether these crystals were in the form of spherulites or axialites. 

Kirshenbaum et al. observed spherulites of P3MB1 more clearly by slow cooling.5 The 

OM observations at Tc = 275–297 °C indicate that as Tc increased, the number of lamellar 

branches decreased, and the spherulites changed to needle-like crystals via axialites. 

 

2.3.3  SAXS and WAXS Measurements during Isothermal Crystallization 

Figure 2.3 shows the scattering patterns obtained by time-resolved SAXS and 

WAXS measurements at each Tc, and Figure 2.4 shows the circular averaged profiles 

corresponding to the pattern. Here, q is the magnitude of the scattering vector defined by 

q = (4π/λX-ray)sin(θ/2), where λX-ray and θ are the wavelength of the incident X-rays and 

the scattering angles, respectively. As seen in the SAXS patterns at 297 °C (left side of 

Figure 2.3(a)), peaks from the long spacing of the stacked lamellae were observed, except 

at t = 240 s, and the patterns possessed anisotropy even though the crystallization 

occurred in the static field. In the WAXS patterns, anisotropic patterns with multiple 

diffracted spots in the azimuthal direction were observed (right side of Figure 2.3(a)). As 

seen in the representative profiles, peaks from the long spacing were observed up to the 

second order in SAXS (Figure 2.4(a)), whereas in WAXS, the diffraction peaks attributed 

to monoclinic crystals were observed, and no other crystal systems were obtained (Figure 

2.4(b)). To clarify the change in lamellar structures, I fitted the series of SAXS profiles 

around the primary peak with Eq. (2.2):  
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𝐼(𝑞) = 𝐼 𝑞 + 𝐼 exp −
(𝑞 − 𝑥 )

𝑤
 (2.2) 

 

Eq. (2.2) is a linear combination of the power law and the Gaussian function, where Ils, 

xls, and wls are the peak intensity, position and width, respectively. I also fitted the series 

of WAXS profiles at q < 8 nm-1 with Eq. (2.3). Equation (2.3) is a linear combination of 

three Gaussian functions and a constant Ibase; the first term is the amorphous contribution, 

whereas the second and third terms are the contributions from the lattice planes 

Figure 2.3 Representative SAXS and WAXS patterns at Tc = (a) 297 °C, (b) 290 °C, 

and (c) 275 °C. The left side of each set shows the SAXS patterns. The black lines at 

the bottom of the SAXS patterns of (b) and (c) represent the gap between the detector 

modules. 
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corresponding to the subscripts.  

 

𝐼(𝑞) = 𝐼 exp −
(𝑞 − 𝑥 )

𝑤
+ 𝐼 exp −

(𝑞 − 𝑥 )

𝑤

+ 𝐼 , exp −
𝑞 − 𝑥 ,

𝑤 ,
+ 𝐼  

(2.3) 

Figure 2.4 Representative SAXS profiles at Tc = (a) 297 °C, (d) 290 °C, and (g) 

275 °C; WAXS profiles at Tc = (b) 297 °C, (e) 290 °C, and (h) 275 °C; time evolutions 

of the peak intensities Ils and I100 defined in Eqs. (2.2) and (2.3) at Tc = (c) 297 °C, (f) 

290 °C, and (i) 275 °C. 



27 

The lattice spacings of (010) and (11 0) are mutually too close to distinguish on the 

profiles. Figure 2.4(c) shows the time evolutions of the peak intensities, Ils and I100, which 

repeatedly increase and decrease irregularly with time. At t = 240 s, no signals from the 

crystals were detected in either SAXS or WAXS. This fluctuation in the peak intensities 

suggests that the amount of the crystalline region in the irradiated area (120 μm × 80 μm) 

of the incident X-ray beam changes irregularly with time due to the flow of the crystalline 

structures in the melt. This also indicates that the crystallization kinetics of P3MB1 cannot 

be discussed with the time-resolved X-ray scattering data. A similar tendency can be 

observed at Tc = 290 °C. The anisotropic SAXS and WAXS patterns can be seen at Tc = 

290 °C (Figure 2.3(b)). The time evolutions of the peak intensities (Figure 2.4(f)) increase 

in the SAXS and WAXS profiles with fluctuations. In the case of Tc = 275 °C, the isotropic 

SAXS and WAXS patterns were well developed even at t = 60 s, and a slight increase in 

the intensities was observed thereafter (Figure 2.3(c)). The time evolutions of the peak 

intensities also show that the changes in the intensities after t = 60 s were very small. 

Furthermore, in the changes in the SAXS and WAXS profiles with time at Tc = 

297 °C, since the moments of the appearance/disappearance of the long spacings and the 

diffraction peaks were synchronized, a lamella stack was found in the needle-like crystals. 

The needle-like crystals reported thus far have been limited to single crystals, and those 

with stacked lamellae have not yet been discovered, to the best of my knowledge. In 

polyolefins, PE and P4MP1 form extended-chain single crystals under high pressures.15,16 

Such single crystals consist of hexagonal crystal lattices, with thicknesses on the order of 

micrometers. Moreover, PP forms giant single crystals via the meso phase.17 As 

mentioned above, hexagonal crystals of P3MB1 were not observed in the present WAXS 

measurements. If the needle-like crystals in P3MB1 were single crystals, then the 
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lamellae composed of monoclinic crystal lattices would have a thickness on the order of 

micrometers. In that case, Tm ≃ Tm
0 and especially at Tc > 290 °C, two melting peaks 

should be obtained in the thermal analysis, since the single crystals coexist with the 

lamellae with a thickness of tens of nanometers. However, in the series of FSC 

measurements mentioned above, the melting peak was always unimodal at Tc = 280–

295 °C, and Tm continued to increase as Tc increased, as shown in the H-W plots (Figure 

2.1(c)). This indicates that the needle-like crystals of P3MB1 are not single crystals but 

are composed of stacked lamellae, which are nanometer-thick folded chain crystals.  

 

2.3.4  Growth of Needle-Like Crystals in P3MB1 

As shown in the previous section, needle-like crystals are formed in P3MB1 in 

the wide T region. It was reported that the number of lamellar branches decreases as Tc 

increases in PE and isotactic poly(butene-1) (PB1).18,19 Granasy et al. have reported a 

morphological transition from spherulites to needle-like crystals with a decrease in 

supersaturation by computer simulation.20 In addition, in the high Tc region, PE is reported 

to often form axialites with a regime transition (Ⅱ → Ⅰ).21,22 Regime Ⅰ and Ⅱ represent the 

single- and multi-nucleation growth, respectively. However, the region of the axialites of 

PE is much narrower than that of P3MB1.  

I examined why P3MB1 has less lamellar branches than PE. One reason may be 

the morphological instability caused by the gradient of the chemical potential 

spontaneously generated at the growth front as described in Chapter 1.18,19,23 In their 

model, decreasing branches and increasing lamellar widths were synonymous. The 

critical lamellar width λ* under a pressure field can be expressed as  
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𝜆∗ = 2π𝑏
𝑣

∆𝑣

𝜎

12𝐺𝜂
 (2.4) 

 

where bf, vc, Δv, σ, G and η are the thickness of the shear flow induced by the gradient 

field, specific volume of the crystal, difference between the specific volume of the crystal 

and the melt, surface free energy of the growth front, crystal growth rate and viscosity at 

Tc, respectively. It is known that bf is as large as the bundle of lamellae in the melt; hence, 

in this study, bf is equivalent to the lamella thickness (dc). In the following part, I describe 

the estimation of λ*. To estimate the values of λ*, we needs bf, vc, Δv, η, G, and σ. Several 

G values were determined from the microscope observations at Tc = 290–300 °C. The 

time evolutions of the size in the longitudinal direction of several needle-like crystals 

were investigated. Subsequently, considering their anisotropies, the largest G value in 

each Tc was adopted. Finally, the value was halved. As stated above, axialites are 

commonly observed in regime Ⅰ. Hence, I assumed that the P3MB1 crystals grow in 

regime Ⅰ, at least for Tc > 290 °C. According to L-H theory, G is expressed as22 

 

𝐺 = 𝐺 exp (
−∆𝐸

𝑅𝑇
)exp (

−𝐾

𝑇 ∆𝑇
) (2.5) 

 

Particularly in regime Ⅰ, 

 

𝐾 =
4𝑏 𝜎𝜎 𝑇

𝑘 ∆𝐻
 (2.6) 

 

where G0, ΔE, bs, σe, kB, and ΔH are the preexponential factor, activation energy of chain 

motion in the melt, thickness of the molecular stem, fold surface free energy, Boltzmann 
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constant, and enthalpy of fusion, respectively. They are all constants independent of the 

temperature in this study (T = Tm
0−Tc). ΔE of P3MB1 was calculated from the 

viscoelasticity data of Takayanagi.24 ΔE = lnaTRT1T2/(T2−T1) = 40 kJ/mol. Here, aT is the 

shift factor and ln aT = 2.63, T1 = 363 K and T2 = 453 K. Equation (2.5) was transformed 

as lnG+Q/RTc = lnG0−K/TcΔT, and the lnG+Q/RTc vs 1/TcΔT plot was obtained (Figure 

2.5). Assuming that Tc = 290–300 °C is the range of regime Ⅰ and fitted to a linear line, 

G0 and K were obtained from the ordinate intercept and the slope, respectively. All 

parameters for Eq. (2.5) are shown in Table 2.1. For comparison, those of PE (Mw = 

74,400, Mw/Mn = 1.12) reported by Armistead and Hoffman are also listed. 

 

Table 2.1 Parameters for P3MB1 and PE in Eq. (2.5) 

 P3MB1 PE (Mw = 74,400, Mw/Mn = 1.12) 

Tm
0 (K, °C) 596.1, 322.9 417.9, 144.7  (ref 24) 

ΔE (kJ/mol) 40.0 24.0  (ref 25) 

G0 for regime Ⅰ, Ⅱ, Ⅲ (cm/s) 4.56×105  (regime Ⅰ) 1.4×1010, 1.02×103, 1.65×107  (ref 22) 

K for regime Ⅰ, Ⅱ, Ⅲ (K2) 2.26×105  (regime Ⅰ) 1.98×105, 0.940×105, 1.85×105  (ref 22) 

 

To evaluate σ in Eq. (2.6), the following analyses were conducted. First, ΔH was 

calculated from the Clausius-Clapeyron equation,2 expressed as 

 

∆𝐻 = 𝑇 (𝑉 − 𝑉 )/
d𝑇

d𝑝
 (2.7) 

 

where Vl and Vc are the atmospheric pressure volumes of the melt and the crystal at Tm, 

respectively. dTm/dp is the dependence of Tm on pressure. Selected isobars in the PVT 

relationship of P3MB1 are shown in Figure 2.6. The intersection points of the black solid 
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lines correspond to Tm. Vl = 1.439 cm3/g was obtained by fitting the volume at 0 MPa and 

T > Tm to a quadratic function. Figure 2.7 shows the pressure dependence of Tm of P3MB1. 

The solid line is the fitting curve expressed by a third-order polynomial. By differentiating 

it, I obtained dTm/dp = 0.844 °C/MPa. The results of the WAXS measurements to evaluate 

Vc are shown in Figure 2.8. Finally, ΔH = 113 J/cm3 was calculated. All parameters for 

Eq. (2.7) are shown in Table 2.2. 

 

Table 2.2 Parameters for Eq. (2.7) 

Tm Vl Vc dTm/dp ΔH 

585 K 

312 °C 

1.439 cm3/g 1.103 cm3/g 0.844 °C/MPa 113 J/cm3 

124 J/g 

 

Figure 2.5 Plots of lnG + Q/RTc vs 1/TcΔT. G0 = 4.56×105 cm/s and K = 2.26×105 K2. 
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Figure 2.6 Selected isobars in the PVT relationship of P3MB1. The 0 MPa volume 

was extrapolated from the isotherm measurements at 10–30 MPa. The intersection 

points of the black solid lines correspond to Tm. 

Figure 2.7 Pressure dependence of Tm of P3MB1. The solid line is the fitting curve 

expressed by a third-order polynomial. 
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Figure 2.8 Temperature dependence of the lattice constants (a) a, (b) b, (c) c, and the 

specific volume (d) Vc of the P3MB1 crystal measured by WAXS. Diffractions from 

the (100), (101), and (111) lattice planes were used for the calculation. All axial angles 

were fixed and independent of temperature. 



34 

Next, σe was obtained using the Gibbs-Thomson equation. expressed by11 

 

𝑇 = 𝑇 1 −
2𝜎

Δ𝐻𝑑
 (2.8) 

 

dc was calculated from the SAXS profile at Tc = 290 °C and t = 300 s by using the 

correlation function, as shown in Figure 2.9.27 The results of FSC were used for Tm. 

Corradini et al. reported a P3MB1 monoclinic unit cell with 

a = 9.55 Å, b = 8.54 Å, c = 6.84 Å, γ = 116.30 °  (ref 6) 

From these values, the lattice spacings of the (100), (010), and (110) planes were 

calculated to be 8.56 Å, 7.66 Å, and 7.63 Å, respectively. Here, I assumed the value of 

the (110) plane as bs. Finally, σ was obtained from Eq. (2.6). All parameters for Eq. (2.6) 

are shown in Table 2.3. The σe and σ values of P3MB1 are both smaller than those of PE.  

The ΔT dependence of λ* was calculated by Eq. (2.4) and is shown in Figure 2.10 

for each polymer. Note that the curve of P3MB1 was calculated by assuming regime Ⅰ for 

Tc = 290–300 °C. The η of P3MB1 at 310 °C was 51.4 Pas. Hence, the temperature 

dependence of η was obtained by the Andrade equation,29 η = η0exp(ΔE/RT) = 1.3×10-

2exp(4.8×102/T). Using the same way as Toda et al., I calculated the η of PE from the 

Vogel-Fulcher equation. based on the results of Pearson et al.30 The dc values of both 

polymers were evaluated by Eq. (2.8). The Tm of PE was obtained by considering the 

doubling of the lamellar thickness (Tm = (Tc+Tm
0)/2).12 The value of vc/Δv is 4.5.31,32 

Comparing at the same ΔT, P3MB1 has a larger λ* than PE and forms axialites 

or needle-like crystals in the range where PE forms spherulites. All parameters for P3MB1 

at Tc = 297 °C and PE at the same ΔT (26 °C) as for P3MB1 are shown in Table 2.4. The 

difference in η affects λ* most strongly. Hence, one of the most significant factors for the 
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Table 2.3 Parameters for P3MB1 and PE in Eq. (2.6) 

 P3MB1 PE (Mw = 74,400, Mw/Mn = 1.12) 

ΔH (J/cm3, J/g) 113, 124 280, 293  (ref 28) 

dc (nm) 16.3  (Tc = 290 °C, Tm = 301 °C) - 

bs (Å) 7.63  ((110) plane spacing) 4.15  (ref 28) 

σe (J/cm2) 3.29×10-6 9.0×10-6  (ref 28) 

σ (J/cm2) 5.87×10-7 11.8×10-7  (ref 28) 

 

 

 

Figure 2.9 1D electron density correlation function K(z) of P3MB1 at Tc = 290 °C. 

K(z) is defined below and experimentally integrated q = 0.11–0.24 nm-1. 
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suppression of branching in P3MB1 was the low η at Tc. Of course, the η of P3MB1 is 

higher than that of PE at the same temperature, due to its bulkier side group. However, 

P3MB1 has a very high Tm and often crystallizes with a low η that cannot be reached 

when PE crystallizes. In such a case, the characteristic morphology may be observed.  

However, the range of λ* in the temperature region where the needle-like crystals 

of P3MB1 were observed is 0.41 < λ* < 7.4 μm, and PE forms the spherulites in the same 

range of λ*, indicating that suppression is not the only origin of the needle-like crystals in 

P3MB1. I believes that another reason may be the flow of the needle-like crystals in the 

melts. As observed in the OM images, the low viscosity induces the flow of the needle-

like crystals. The flow may induce the local orientation of the polymer chains in the melts 

and the orientation might suppress the branching. 

Figure 2.10 G dependence of ΔT of P3MB1 and PE (Mw = 74,400, Mw/Mn = 1.12) 

calculated by Eq. (2.4). 
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Table 2.4 Parameters for P3MB1 and PE in Eq. (2.4) at ΔT = 26 °C 

 P3MB1 calculated by 

bf (nm) 21 (Tc = 297 °C, Tm = 306 °C) Eq. (2.8), FSC and SAXS data 

vc/Δv 3.2 WAXS and PVT data 

G (cm/s) 1.8×10-5 Eq. (2.5) and Table 2.1 

η (Pa・s) 62 Andrade equation, η at 310 °C and ref 23 

λ* (μm) 2.8 Eq. (2.4) 

   

 PE (Mw = 74,400, Mw/Mn = 1.12) calculated by 

bf (nm) 21 (Tc = 119 °C, Tm = 132 °C) Eq. (2.8) and ref 12, 22 

vc/Δv 4.5 ref 31, 32 

G (cm/s) 1.0×10-4 ref 22 

η (Pa・s) 3.8×103 ref 30 

λ* (μm) 0.30 Eq. (2.4) 

 

2.4  Conclusion 

I investigated the isothermal crystallization of P3MB1, a polyolefin with a high 

melting temperature, after the onset of quench from the molten state by OM observations 

and time-resolved SAXS and WAXS measurements. At Tc = 297 °C, the OM observations 

revealed that needle-like crystals were formed and moved in melt matrices. Anisotropic 

scattering patterns were observed in SAXS and WAXS at 297 °C, and the anisotropies 

and the scattering intensities changed irregularly with time. The irregular changes in 

scattered intensity are due to the flow of the needle-like crystals in and out of the irradiated 

area of the incident X-ray beam. This needle-like crystal is not a single crystal, but one 

composed of stacked lamellae.  

As Tc increased, the morphological transition from spherulites to needle-like 

crystals was considered to occur via axialites. In other words, the needle-like crystals 

were considered axialites without lamellar branches. To elucidate the origin of the 
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suppression of branching, I evaluated thermodynamic parameters such as ΔH, dc, and σ, 

and calculated λ* for P3MB1 and PE. λ* for P3MB1 was larger than that for PE, suggesting 

that the suppression of branching is due to the low η at Tc. The low viscosity also induces 

the local orientation of the polymer chains in the melts, and this orientation might 

suppress branching.  
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Chapter 3 

Spatial Distribution of the Amorphous Region 

with Reduced Mobility  

 

 

3.1  Introduction 

Crystalline polymer materials are generally composed of crystalline and 

amorphous phases. Many studies have supported that the presence of crystallites affects 

the mobility of chains in the amorphous phase and that there is the region with reduced 

mobility in the amorphous phase.1-7 Hertlein et al. found that the three relaxation 

processes in spin-spin relaxation obtained by pulsed proton nuclear magnetic resonance 

(1H-NMR) measurements during the isothermal crystallization of various polymers. 3 

They concluded that the fast, medium, slow relaxation processes originate from the 

crystalline region, the rigid amorphous region, and the melt-like amorphous region, 

respectively, and found that the weight fraction of the rigid amorphous region increases 

with the proceeding of crystallization. Differential scanning calorimetry have also 

detected the rigid amorphous region. It is known that the heat capacity just above the glass 

transition temperature (Tg) deviates from the heat capacity predicted from the 

crystallinity.4-6 The result suggests that the amorphous region with higher Tg, or the rigid 

amorphous region exist in addition to the crystalline and melt-like region. Dynamic 

mechanical, dielectric, and raman spectroscopy also characterize the rigid amorphous 

region.1,6,7 

 However, we cannot determine the spatial distribution of the rigid amorphous 
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region by using the abovementioned experiments. It is very difficult to distinguish the 

rigid amorphous region from the melt-like amorphous region by using the small angle X-

ray scattering (SAXS) in the bulk state because they have almost the same density.8,9 To 

overcome the difficulty, I attempted to observe the rigid amorphous region by the SAXS 

experiment of the crystalline polymer swollen by solvent. In the swollen state, the rigid 

amorphous region does not swell more than the melt-like region, so we can distinguish 

between the rigid amorphous and the melt-like regions. Moreover, I applied contrast 

variation small-angle scattering (CV-SAS) method for a crystalline polymer under solvent 

swelling. CV-SAS can separate the scattering length density (SLD) and the spatial 

distribution of each component for a multicomponent system.10-15 Therefore, separation 

of the spatial distribution of the crystalline and amorphous components under solvent 

swelling reveals the features and spatial distribution of the two amorphous regions.  

I used ethylene-octene copolymer (EOC) as the crystalline polymer to apply CV-

SAS. EOC is one of the commodity plastics used for automotive materials, shoes, wire 

coating, etc. I chose EOC for the following three reasons. (i) Even good solvents cannot 

permeate the crystalline phase of EOC. The bulk specimen turns into a gel state under 

solvent swelling, where the crystallites behave as physical cross-linking points. (ii) EOC 

has low crystallinity, so it provides a clearer spatial correlation between the crystalline 

regions and the amorphous regions with reduced mobility. (iii) The EOC with suitable 

swelling properties for the measurement can be easily obtained since many grades of EOC 

with crystallinity and molecular weight are commercially available. A high molecular 

weight grade with crystallinity of approximately 20 % was the best for this study because 

it absorbs the sufficient amount of solvents without elution of the polymer. 

CV-SAS is usually conducted with small angle neutron scattering (so-called CV-



45 

SANS). In CV-SANS, the scattering contrast can be varied without changing the 

structures by using mixtures of deuterated and hydrogenated solvent and varying their 

mixing ratio. Especially, several studies on nanocomposites have been reported to 

evaluate the dense polymer layer near the filler surface.11-14 One might think that the 

similar CV experiment, where the crystallites are regarded as the filler, reveals the 

concentration fluctuations in the swollen amorphous region. However, CV-SANS is not 

suitable for this study because the difference in the neutron SLD between the crystalline 

and amorphous phase is very small, as discussed later. Thus, I conducted CV small angle 

X-ray scattering (CV-SAXS) using two solvents, 4-ethyltoluene (Et-tol) and 2-Br-xylene 

(Br-xyl), whose interaction with the EOC is equivalent and whose scattering ability, or 

electron density is different from each other. 

In this chapter, I performed CV-SAXS of the EOC under solvent swelling and 

clarified the features and spatial distribution of the concentration fluctuations in the 

swollen amorphous region. In addition, I discussed the relationship between the two 

amorphous regions with different swelling properties determined by CV-SAXS and the 

amorphous regions with different mobility determined by pulsed 1H-NMR. 

 

3.2  Experimental Section 

3.2.1  Solvent Swelling of Chemically Cross-Linked EOC 

 Pellets of ENGAGE 8003 (Dow Chemical) were used as the EOC. The melt 

index at 190℃/2.16 kg and the melting temperature (Tm) are 1 g/10 min and 77℃, 

respectively. 10 wt% hot p-xylene solution, containing the EOC and dicumyl peroxide in 

weight ratio of 100/3, was prepared. The solution was spread out on a Petri dish, dried 

under reduced pressure, and subsequently heated at 150°C for 3 hours to proceed the 
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cross-linking reaction. Note that the EOC was kept above the Tm from dissolution until 

the completion of the cross-linking reaction. The cross-linked specimen was refluxed with 

p-xylene at 138°C for 3 hours to remove the unreacted components.  

For the estimation of the average molecular weight between the crosslinks (Mc), 

the storage shear modulus (G’) of the vacuum-dried specimen at 160°C was measured by 

a rheometer, MCR 302 (Anton Paar). The strain was 1% and the angular frequency was 

0.1 to 100 rad/s.  

The swelling ratio (Q) measurements were performed as follows. Here, Q = Va/Vb, 

and Vb and Va are the volumes before and after swelling, respectively. The weight of the 

vacuum-dried specimen was measured. Then, the weight at the equilibrium state after 

solvent swelling above Tm was measured, and the Q was calculated. The density of the 

molten EOC, Et-tol, and Br-xyl were fixed at 0.855 g/cm3, 0.861 g/cm3, and 1.34 g/cm3, 

respectively.  

 

3.2.2  Preparation of Film Specimens for Pulsed 1H-NMR and CV-SAXS 

Measurements 

The pellets of ENGAGE 8003 were pressed between two glass slides on a heater 

at 160°C. After 5 minutes, they were dropped into ice water to crystallize. The thickness 

of the obtained specimens were approximately 250 μm. Note that this preparation 

procedure does not include any chemical cross-linking. 

 

3.2.3  Pulsed 1H-NMR Measurements 

Pulsed 1H-NMR measurements were performed on the film specimen by using 

JNM-MU25 (JEOL). Free induction decays (FIDs) were detected by solid echo16 and 
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Hahn echo method17 at 23°C.  

 

3.2.4  CV-SAXS measurements 

The film specimens were swollen by Br-xyl/Et-tol mixtures with different 

mixing ratio at 23℃ for more than 48 hours to reach their equilibrium states. The SAXS 

measurements were performed at 23℃ by using Nanoscale Dynamic Structural Analysis 

X-ray System of Institute for Chemical Research, Kyoto University. The main unit of the 

system consists of NANO-Viewer (RIGAKU) and the detector is PILATUS 100K 

(DECTRIS). The wavelength of the incident X-rays, the camera length, and the exposure 

time were, respectively, 1.54 Å, 1024 mm, and 1 hour. The swollen specimens were sealed 

in a cell to prevent the solvent from evaporating during the measurement, and Kapton 

films were used as the window. The two-dimensional (2D) scattering intensity of the 

empty cell was subtracted from the 2D scattering intensity obtained from each sample, 

taking into account the transmittance. The two solvents and the EOC without swelling 

were, respectively, measured to correct the thermal diffuse scattering (TDS) intensity. 

 

3.3  Results and Discussion 

3.3.1  Dynamics without Solvent Swelling 

Figure 3.1 shows the FID signals obtained by pulsed 1H-NMR measurements. 

When several components with different mobility exist in the system, the FID curve can 

be expressed by18 

 

𝑀(𝑡) = 𝑀 , exp −
𝑡

𝑇 ,
 (3.1) 
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where M0,i, Wi, and T2,i are, respectively, the signal intensity at t = 0, the Weibull 

coefficient, and is the time constant of the transverse relaxation of the i component. W 

ranges from 1 to 2, W = 1 for sufficiently fast motion and W = 2 for sufficiently slow 

motion. The weight fraction of the i component 𝜙 , ,  can be obtained by 

 

𝜙 , , =
𝑀 ,

∑ 𝑀 ,
 (3.2) 

 

By fitting, I was able to separate the FID signals obtained by the solid echo and Hahn 

echo into three and two components, respectively, as shown in Figure 3.1(a) and (b). 

While the time range evaluated by Hahn echo is narrower than that by the solid echo, 

Hahn echo provides more accurate detection for long time region because it is not affected 

by inhomogeneity of the magnetic field. Therefore, I obtained the weight fraction of the 

Figure 3.1 FID signals obtained by (a) solid echo and (b) Hahn echo, respectively. 

The solid curves in the figure indicate the best fit by using Eq. (3.1). The dotted, 

dashed, and dot-dashed curves indicate the contribution of the crystalline, rigid 

amorphous, and melt-like components, respectively.  
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component with the smallest T2 by the result of solid echo, and subsequently determined 

the weight fractions of the other two components according to the result of Hahn echo. 

The obtained parameters and weight fractions are listed in Table 2.1. The component with 

the smallest T2, or, the lowest mobility, was well fitted at W = 2, which implies that this 

component is frozen as the crystalline or glassy state. The weight crystallinity determined 

from the film density (0.885 g/cm3) was 23 %. Considering that this value is close to the 

weight fraction of the component with the lowest mobility (20 %), I attributed this 

component to the crystalline region. The components with the medium and highest 

mobility showed T2 that were approximately 4 and 16 times larger, respectively, than that 

of the component with lowest mobility. The W of these two components was 

approximately 1, suggesting that they were not frozen at 23°C. Therefore, I attributed the 

components with the medium and highest mobility to the rigid amorphous region and the 

melt-like region, respectively.  

 

Table 3.1 Fitting Parameters obtained by pulsed 1H-NMR 

 
Crystalline 

region 

Rigid amorphous 

region 

Melt-like 

region 

Weight fraction (%) 20 48 32 

T2 by solid/Hahn echo (ms) 0.015 / - 0.059 / 0.062 0.239 / 0.274 

W* by solid/Hahn echo 2 / - 1.06 / 1 1 / 1 

*Obtained by the constraint of 1≦W≦2. 

 

3.3.2  Evaluation of the Interaction Parameters between the EOC and Solvents 

CV-SAS under solvent swelling requires that the structure must be identical 

regardless of the solvent mixing ratio. In this section, I show that Et-tol and Br-xyl have 

equivalent interactions with the EOC, respectively.  
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Flory-Rehner theory is well known as one of the models describing the 

interaction parameter (χ) between the polymer and solvent. In this theory, χ is related to 

Q of the chemically cross-linked polymer as19 

 

𝜒 = −𝑄 ln 1 −
1

𝑄
+

1

𝑄
+

𝑉

�̅�𝑀
1 −

2𝑀

𝑀

1

𝑄 ⁄
−

1

2𝑄
 (3.3) 

 

where �̅� is the specific volume of the polymer, V1 is the molar volume of solvent, and 

Mw is the primary molecular weight. This theory is based on chemically cross-linked 

polymers with homogeneous network structures, so I measured Q in the high temperature 

range without crystalline structures. Figure 3.2 shows the temperature dependence of Q 

for the chemically cross-linked EOC. Q for the two solvents agreed in the high 

temperature range. I determined the Q at 23°C by linear extrapolation, and obtained the 

Q for Et-tol and Br-xyl, 12.5 and 12.6, respectively. 

 

Figure 3.2 Solvent swelling behavior of the chemically cross-linked EOC. The cross 

marks indicate the Q at 23°C obtained by linear extrapolation.  
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 Mc is related to G’ as20 

 

𝑀 =
𝜌𝑅𝑇

𝐺′
 (3.4) 

 

where ρ is the density (ρ = 1/�̅�), and R is the gas constant. I obtained Mc = 33,200 by the 

plateau modulus at 160℃ and Eq. (3.4). Note that the ρ at 160℃ was calculated with the 

data of Orwoll and Flory.21 In addition, Mw = 151,000,22 and V1 of Et-tol and Br-xyl are 

140 cm3/mol and 138 cm3/mol, respectively.  

From the above parameters and Eq. (3.3), the χ was obtained to be 0.41 at 23℃ 

for both solvents. This agreement indicates that the interaction of the EOC with these two 

solvents is equivalent at 23°C.  

 

3.3.3  Swelling Properties of the EOC in Br-xyl/Et-tol Mixtures 

In this section, I confirm that the agreement of the polymer-solvent interactions 

is effective even in the presence of crystallites. Note that all the following results are 

obtained by specimens without chemical cross-linking.  

Figure 3.3(a) shows the dependence of Q on the solvent mixing ratio. Q was 

constant independent of the mixing ratio, and the average value (Qav) was 1.787. This 

result supports that the swollen specimens have the same structures independent of the 

mixing ratio. 

Figure 3.3(b) shows the dependence of the X-ray transmittance on the solvent 

mixing ratio. The observed values agreed with the ones calculated from the thickness of 

the specimens and the absorption coefficients in the literature.23 This result indicates that 
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the EOC did not selectively absorb only one of the solvents, but absorbed the mixed 

solvents as prepared.  

From the above results, I concluded that the mixed solvents with different 

electron densities provide the same structure even in the presence of crystallites.  

In addition, I vacuum dried the swollen specimens to evaporate the solvent, and 

measured the weight of them. The weight loss compared to the weight before swelling 

was less than 2 wt% for all the specimens. Thus, the elution of the polymer can be ignored.  

 

3.3.4  Structure Analysis by CV-SAXS under Solvent Swelling 

In this section, I calculate partial scattering functions Sij(q), which will be defined 

later, from SAXS profiles, and analyzes Sij(q) by fitting.  

All the specimens showed isotropic 2D patterns. In addition, I confirmed that the 

scattering intensities of the two solvents were, respectively, constant in the obtained q 

range. Here, q is the magnitude of the scattering vector defined by q = (4π/λX-ray)sin(θ/2) 

Figure 3.3 Dependence of the solvent mixing ratio on (a) Q and (b) X-ray 

transmittance of the EOC at 23℃, respectively. 
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with λX-ray and θ being the wavelength of the incident X-rays and the scattering angle, 

respectively. Thus, to correct the TDS intensity, I subtracted the intensities at q = 1.8 nm-

1 for the EOC without swelling, Et-tol, and Br-xyl multiplied by the volume fraction of 

each component from the circular-averaged scattering profiles I(q). Figure 3.4 shows I(q) 

after the TDS correction. I(q) varied depending on the solvent mixing ratio.  

I calculate Sij(q) from I(q) in Figure 3.4, treating as the three-component system. 

Under incompressible conditions, I(q) can be expressed as  

 

𝐼(𝑞) = (𝑎 − 𝑎 ) 𝑆 (𝑞) + 2(𝑎 − 𝑎 )(𝑎 − 𝑎 )𝑆 (𝑞)+(𝑎 − 𝑎 ) 𝑆 (𝑞) (3.5) 

 

where ai is the X-ray SLD of the i component (i: c, crystalline phase; a, amorphous phase; 

s, solvent). In this study, I define the X-ray SLD as (electron density) × (classical electron 

radius). Figure 3.5 shows the dependence of the X-Ray SLD of each component on the 

solvent mixing ratio. The densities of crystalline and amorphous phase are 1.000 g/cm3 

and 0.855 g/cm3, respectively.24 Using these X-ray SLD and Eq. (3.5), we can decompose 

I(q) into Sij(q) defined by 

 

𝑆 (𝑞) =
1

𝑉
𝛿𝜙 (𝑟)𝛿𝜙 𝑟′⃗ exp 𝑖�⃗� 𝑟 − 𝑟′⃗ 𝑑𝑟𝑑𝑟′⃗ (3.6) 

 

where V is the scattering volume radiated by the incident beam and 𝛿𝜙 (𝑟)  is the 

fluctuation of the volume fraction of i component at position 𝑟.  

In this study, I obtained seven I(q) to calculate three Sij(q). Thus, I employed the 

singular value decomposition algorithm to calculate the accurate Sij(q).10, 12 Figure 3.6 

shows the obtained Sij(q). −Sca(q) is also shown in Figure 3.6(b) because Sca(q) is positive 
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Figure 3.4 SAXS profiles of the EOC swollen by Et-tol/Br-xyl mixtures. 

Figure 3.5 Dependence of the solvent mixing ratio on the X-ray SLD of each 

component. The circle marks correspond to the conditions measured by SAXS. 
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in the smaller q region and negative in the larger q region.  

I describe the model functions to fit the experimental Sij(q). According to the 

study by Bensason et al., the EOC used in this study is categorized as elastomer due to its 

density.25 They clarified by transmission electron microscopy that elastomers show a 

morphology with random distribution of granular crystallites instead of lamellar 

structures as seen in high-density polyethylene.1, 26 Thus, I assumed the existence of the 

highly concentrated amorphous region surrounding the crystallites, as shown in Figure 

3.7. When the crystalline region, the highly concentrated amorphous region, and the 

matrix region are denoted as α, β, and γ, respectively, Sij(q) can be expressed by 

 

𝑆 (𝑞) = 𝐹 (𝑞) 𝑆(𝑞) (3.7) 

𝑆 (𝑞) = 𝐹 (𝑞) 𝜙 − 𝜙 𝐹 (𝑞) − 𝜙 𝐹 (𝑞) 𝑆(𝑞) (3.8) 

𝑆 (𝑞) = 𝜙 − 𝜙 𝐹 (𝑞) − 𝜙 𝐹 (𝑞) 𝑆(𝑞) + 𝑆 (𝑞) (3.9) 

 

where Fα(q) and Fα+β(q) are, respectively, the scattering amplitudes of region α and region 

α+β. S(q) is the structure factor and 𝜙  is the volume fraction of the polymer in region i. 

𝑆 (𝑞)  in Eq. (3.9) expresses the concentration fluctuations originating from network 

structures in region γ. If the high concentration region spatially correlated with the 

crystallites does not exist, −𝑆 (𝑞) = 𝜙 𝑆 (𝑞) from 𝜙 = 𝜙 , and the shapes of Scc(q) 

and −Sca(q) agree on the logarithmic plot. However, Figure 3.6 clearly shows that their 

shapes do not agree with each other, qualitatively indicating the existence of the 

concentration fluctuations spatially correlated with the crystallites. 

The shoulder around q = 0.8 nm-1 and the peak around q = 0.3 nm-1 in Scc(q) 

would reflect the size of the crystallites and the correlation between them, respectively.  
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Figure 3.6 Partial scattering functions (a) Scc(q), (b) Sca(q), and (c) Saa(q) of the 

swollen EOC system, respectively. The solid curves indicate the fitting results with the 

model functions. 
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The shoulder was broad, so I did not consider a fitting model that specifically describes 

the shape of the scatterer to be suitable. In addition, the intensity in the larger q region (q 

> 0.8 nm-1) showed the steeper decrease compared to Porod law (Scc(q) ~ q-4). Therefore, 

I used the unified Guinier/power-law function that includes a parameter characterizing 

the interfacial thickness as the form factor Fα
2(q) in Eq. (3.7).27,28 

 

𝐹 (𝑞) = 𝐴exp −
𝑞 𝑅 ,

3
+ 𝐵 erf

𝑞𝑅 ,

√6
𝑞 exp −𝑞 𝜎  (3.10) 

 

where 𝐴 and 𝐵 are the prefactors, Rg,α is the radius of gyration of the crystallites, and 

σαβ is a parameter that characterizes the thickness of the α/β interface εαβ. If the 

Figure 3.7 Schematic diagram of the model of the swollen EOC system. 
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concentration change at the interface follows a Gaussian distribution, 𝜀 = √2𝜋𝜎 . 

The peak was also broad, which probably indicates that the correlation distance was 

polydisperse. Therefore, I employed the polydisperse Born-Green model for S(q). The 

Born-Green approximation is one of the approximations that has the closure relationship 

with the Ornstein-Zernike equation describing the two-body correlation.29 Recently, 

McGlasson et al. proposed that the Born-Green approximation is most suitable for a 

system where the correlation distance follows a normalized distribution function P(q).30 

Using a Gaussian function as P(q), S(q) can be expressed as  

 

𝑆(𝑞) = 𝑃(𝐷 )
1

1 + 𝑝 𝜃(𝑞, 𝐷 )
d𝐷  (3.11) 

𝑃(𝐷 ) =
1

√2𝜋𝜎
exp

(𝐷 − ⟨𝐷 ⟩)

2𝜎
 (3.12) 

𝜃(𝑞, 𝐷 ) = 3
sin(𝑞𝐷 ) − 𝑞𝐷 cos(𝑞𝐷 )

(𝑞𝐷 )
 (3.13) 

 

where ⟨𝐷 ⟩  is the mean correlation distance, 𝜎   is the standard deviation of the 

distribution of correlation distances, and pf is the packing factor. pf is 8 times the packing 

fraction of hard spheres with the diameter of ⟨𝐷 ⟩, which gives pf = 5.92 at the closest 

packing. Fα+β in Eq. (3.8) can also be expressed by the unified Guinier/power-law 

function as 

 

𝐹 (𝑞) = 𝐶exp −
𝑞 𝑅 ,

3
+ 𝐷 erf

𝑞𝑅 ,

√6
𝑞 exp −𝑞 𝜎  (3.14) 

 

where 𝐶 and 𝐷 are the prefactors, Rg,α+β is the radius of gyration of region α+β, and σβγ 

is a parameter characterizing the thickness of the β/γ interface εβγ ( = √2𝜋𝜎  ). I 
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employed a Lorentz function for 𝑆 (𝑞) in Eq. (3.9) expressed by 

 

𝑆 (𝑞) =
𝑆 ,

1 + 𝑞 𝜉
 (3.15) 

 

where Sξ,0 is the prefactor, and ξ is the correlation length of the polymer network.11,14,31 

The solid curves in Figure 3.6 indicate the fitting results. The model functions 

described above were well fitted to the experimental Sij(q). The obtained parameters are 

listed in Table 2.2. The size of the crystallites (2Rg,α) was 8.7 nm, and their mean 

correlation distance ⟨𝐷 ⟩ was 16.8 nm under solvent swelling. The high concentration 

region (region β) existed around the crystallites, and the size of the region α+β (Rg,α+β) 

was 16.9 nm ≅ ⟨𝐷 ⟩. Therefore, the crystallites would form a network structure via the 

region β. This interpretation is also supported by the fact that the packing fraction (pf/8 = 

0.615) agreed well with one at random packing. Unexpectedly, 𝜙   converged to 1, 

indicating that a region existed in the region β that was not swollen by the solvents. Note 

that not all of the region β is the non-swollen amorphous layer because the α/β and β/γ 

interface with a finite thickness (εαβ and εβγ, respectively) affects Rα+β. The α/β interface 

with a finite thickness εαβ is the so-called transition layer, which would not be affected by 

solvent swelling. Subtracting the contribution of these interfacial layers, the thickness of 

the non-swelling layer tnsw was obtained as 

 

𝑡 = 𝑅 , − 𝑅 , −
𝜀

2
−

𝜀

2
= 0.95 nm (3.16) 

 

Thus, the crystalline-amorphous transition layer with a thickness of 1.86 nm exists around 
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the pure crystallites, and the non-swelling layer with a thickness of 0.95 nm exists around 

the transition layer.  

 

Table 3.2 Parameters obtained by fitting 

𝑅 ,  (nm) 𝜀  (nm) ⟨𝐷 ⟩ (nm) 𝜎  (nm) pf 

4.36 1.86 16.8 4.13 4.92 

𝑅 ,  (nm) 𝜀  (nm) 𝜙  𝜙  ξ (nm) Sξ,0 

8.48 4.03 1.01 0.09 2.93 1.55×10-21 

𝐴 𝐵 𝐶 𝐷 

1.26×10-20 5.86×10-22 5.01×10-20 3.82×10-22 

 

Let us discuss how the three regions (α, β, and γ) defined in CV-SAXS analysis 

under solvent swelling correspond to the three components with different mobility 

(crystalline, rigid amorphous, and melt-like region) obtained by pulsed 1H-NMR without 

solvent swelling. I have already attributed the component with the lowest mobility to the 

crystalline region, or the region α. I attribute the rigid amorphous component to the non-

swollen amorphous layer, or a part of the region β, and the melt-like component to the 

swollen amorphous region, or the other part of the region β and region γ. Using the 

volume crystallinity of EOC 𝜙c,den (= 21 %) and the parameters obtained by CV-SAXS, 

the volume fractions of non-swollen and swollen regions ( 𝜙 nsw,SAXS and 𝜙 sw,SAXS, 

respectively) without solvent swelling can be estimated as 

 

𝜙 , =
𝑅 , − 𝜀 2⁄

𝑅 ,
− 1 × 𝜙 , = 46 % (3.17) 

𝜙 , = 100 − 𝜙 , − 𝜙 , = 33 % (3.18) 
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The results of the calculation are listed in Table 2.3. The volume fractions of each 

component calculated from the density and CV-SAXS roughly agreed with those obtained 

by pulsed 1H-NMR, respectively. Thus, I concluded that the rigid amorphous region exists 

surrounding the crystallites and is not swollen by the solvent. 

 

Table 3.3 Estimated volume fraction of each component in the EOC  

without solvent swelling (%) 

 
Crystalline 

region 

Rigid amorphous 

region 

Melt-like 

region 

By pulsed 1H-NMR 17 50 33 

By density and CV-SAXS 21 46 33 

 

3.3.5  Comparison with CV-SANS 

Using Eq. (3.5), the experimental Sij(q) by CV-SAXS, and the neutron SLD, I 

calculate I(q) that will be obtained by the CV-SANS, and discuss the precision required 

for the measurements.  

 Figure 3.8(a) shows the SLD in the case of CV-SANS with varying the solvent 

mixing ratio of deuterated Et-tol (d-Et-tol) and Et-tol. Under any mixing ratio, no 

matching points appear. In such a case, I(q) monotonically varies depending on the 

volume fraction of d-Et-tol at every q. Figure 3.8(c) shows I(q) of the EOC swollen by 

Et-tol and d-Et-tol (0/100 and 100/0 in the figure, respectively). The solid curve in the 

figure indicates the I(q) of 0/100 multiplied by a constant. The superposition of them 

indicates that the shape of I(q) hardly changes by solvent mixing ratio. It would be 

impossible to experimentally evaluate the slight difference in the shape and calculate 

Sij(q). The reason for this situation is that the crystalline and amorphous phase give little 

contrast in SANS. The SLD of polyolefins is close to zero, as shown in Figure 3.8(a).  
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Figure 3.8 Dependence of the d-Et-tol/Et-tol mixing ratio on the neutron SLD of the 

solvent and (a) the EOC and (b) the d-EOC, respectively. (c) and (d) SANS profiles 

simulated with Eq. (3.5), the experimental Sij(q) by CV-SAXS, and the neutron SLD 

shown in (a) and (b), respectively.  
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Figure 3.8(b) shows the SLD of the deuterated EOC (d-EOC) and the d-Et-tol/Et-

tol mixture. No matching points appear in this case either. Figure 3.8(d) shows I(q) of the 

d-EOC swollen by the solvent with the mixing ratio of 0/100 and 100/0, and the shifted 

I(q) of 0/100. In this case, the difference in the SLD between the crystalline and 

amorphous phase is larger, so the change in the shape of I(q) with solvent mixing ratio is 

slightly larger than that in the case of the EOC. However, the decomposition into the 

partial scattering functions would require the measurement with extremely high precision. 

From the above discussion, I concluded that the CV-SAXS is the best way to 

separate the spatial distribution of the crystalline and amorphous phase in polyolefins. 

 

3.4  Conclusion 

To elucidate the spatial distribution of the amorphous region with reduced 

mobility, I performed pulsed 1H-NMR and CV-SAXS for the EOC under solvent swelling. 

I was able to separate the spatial distribution of the crystalline and amorphous regions by 

calculating the partial scattering functions. Fitting indicated that a non-swollen 

amorphous layer existed surrounding the crystallites. The volume fractions of the 

crystalline, non-swollen amorphous, and swollen amorphous region estimated from CV-

SAXS roughly agreed with those of the crystalline, rigid amorphous, and melt-like region 

determined by pulsed 1H-NMR, respectively. In summary, I first revealed the spatial 

distribution of the amorphous region constrained by the polymer crystallites. 
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Chapter 4 

Effect of Stress Field on the Mechanical Behavior 

of PE 

 
 

4.1  Introduction 

Polyethylene (PE) is one of the most widely used polymers in daily life owing 

to its excellent mechanical properties and processability. In this study, I first observed 

changes in the structures in PE that are on the order of 100 nm to 1 m (submicron scale) 

by using time-resolved ultra-small-angle X-ray scattering (USAXS) and show that the 

changes on the submicron scale dominate the mechanical behavior of PE under uniaxial 

stretching. 

It is well known that crystals in PE form hierarchical structures, as shown in 

Figure 1.1. The structures include crystalline lattice structures, where molecular chains 

are systematically folded and packed; lamellar structures, where crystalline and 

amorphous phases are alternately stacked; branch structures formed by the lamellar 

structure; and spherulitic structures filled with the branch structure. The changes in the 

hierarchical structures under deformation induce a yield point (YP) in stress-strain (S-S) 

curves under uniaxial stretching of PE at room temperature (cold drawing). Some 

LLDPEs exhibit two YPs in the S-S curve, although one YP is usually observed in the S-

S curve during cold drawing.1 

Researchers have thought that the yielding behaviors originate from the so-called 

“slip” behaviors in the lamellar structures. The slips are categorized as interlamellar slip 

and intralamellar slip.1-7 During interlamellar slip, only amorphous phases in the lamellar 

structures are deformed by stretching, and slip deformation between crystalline phases 
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occurs. Intralamellar slip is further categorized as fine slip and coarse slip. Coarse slip 

describes the fragmentation of the crystalline phases into mosaic blocks. Fine slip 

corresponds to homogeneous block shearing, which leads to transformation into a 

metastable phase, or monoclinic phase. The intralamellar slip facilitates the chains in the 

crystalline phases becoming oriented parallel to the stretching direction in contrast to the 

interlamellar slip. 

To clarify the relationship between the YPs and the slip behaviors, Butler et al. 

have investigated the changes in the lamellar and lattice structures of PE that showed two 

YPs during uniaxial stretching by time-resolved small- and wide-angle X-ray scattering 

(SAXS and WAXS, respectively).6 They found the formation of monoclinic phase at the 

first YP (1YP) by WAXS and concluded that the 1YP originated from the fine slip. Brooks 

et al. and Gaucher-Miri and Séguéla also obtained the same results for the origin of 1YP.2,3 

Hiss et al. suggested that the cooperative action of the fine slip was needed for the 1YP.4 

As for the second YP (2YP), Butler et al. observed the disappearance of the SAXS peak 

parallel to the stretching direction at the 2YP. The disappearance indicated that the 

stacking of lamellar structures parallel to the stretching direction was deformed by the 

coarse slip and Butler et al. concluded that the origin of the 2YP is the coarse slip. Brooks 

et al. and Gaucher-Miri and Séguéla also came to the same conclusion, while Hiss et al. 

did not associate the 2YP with any mechanism of plastic flow. Thus, the researchers have 

concluded that the 1YP and 2YP were attributed to fine slip and coarse slip, respectively. 

However, the researchers have not investigated the effects of the changes in the structures 

on the submicron scale on the yielding behaviors, so the changes need to be investigated 

since it is expected that the structures on the submicron scale would also affect the 

yielding behaviors.  

The USAXS technique that uses synchrotron radiation enables us to perform in 

situ observations on the submicron scale.8-10 By using USAXS, Takenaka et al. previously 

discovered that a particular scattering pattern, referred to as an “abnormal” butterfly 
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pattern, appears in PE around the YP under uniaxial stretching, indicating that 

inhomogeneous deformation occurs on the submicron scale.11-13  

In this chapter, I investigated the changes in the structures on the submicron scale 

of PE during uniaxial stretching by time-resolved USAXS as well as changes in the 

lamellar structures and lattice structures by time-resolved SAXS and WAXS. Then, I 

clarified how the changes in the structures on the submicron scale affect the yielding 

behaviors.   

 

4.2  Experimental Section 

4.2.1  Sample Preparation 

LLDPE and HDPE were used in this chapter. The characterization of the 

materials is listed in Table 4.1. Sheets of each material were made by press machines with 

the following conditions. Two press machines (MINI TEST PRESS-10, TOYOSEIKI) 

were used. One was set at 180 °C, where the pellets were melted by pressing them in a 2-

mm-thick mold for 10 min. Then, they were quenched by transferring them to the other 

machine set at 20 °C. Sandglass-shaped specimens with a center width of 2 mm were 

punched out from the sheets. 

 

Table 4.1 Characterization of the Materials Used Herein 

name Mw
a Mw/Mn

a 
density of the  
sheet at 20℃b 

comonomer 
species 

LLDPE (H935) 2.1×105 5.3 0.937 g/cm3 4-methylpentene-1 
HDPE 2.3×105 11.9 0.962 g/cm3 - 

a. Determined by gel permeation chromatography (Viscotek Triple Detector HT-GPC 
Model-SG system, Malvern Instruments Ltd.) to be polystyrene-equivalent values at 
Northeastern Industrial Research Center of Shiga Prefecture, Shiga, Japan. 

b. Measured by helium pycnometer (AccuPyc 1330, Shimadzu). 

 

4.2.2  USAXS, SAXS, and WAXS Measurements 

In situ X-ray scattering measurements were performed during tensile testing 
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using a homemade tensile tester. The tensile speed was 1 mm/min. During the 

measurements, I confirmed that the X-ray beam always irradiated the center of the 

specimens with a camera. The USAXS measurements were performed with an incident 

wavelength of 2.0 Å in the second hutch of beamline BL03XU at SPring-8, Hyogo, 

Japan.14 Pilatus was used as a detector. The camera length and exposure time for the 

LLDPE were 7.5 m and 850 ms, respectively. The HDPE measurements were performed 

with a specimen-to-detector distance of 7.9 m using a 100 μm thick Al plate as an 

attenuator. The exposure time was 900 ms. The simultaneous SAXS and WAXS 

measurements were performed on the same beamline as the USAXS measurements. For 

the LLDPE, a 10 μm thick Au plate was used as the attenuator, and the incident 

wavelength was 1.0 Å. The specimen-to-detector lengths, exposure times, and detectors 

for the SAXS/WAXS measurements were 2.4 m/119 mm, 330 ms/330 ms, and Pilatus/a 

flat panel detector, respectively. For the HDPE, a 10-μm-thick Au plate was used as the 

attenuator, and the incident wavelength was 0.8 Å. The specimen-to-detector lengths, 

exposure times, and detectors were 2.4 m/120 mm, 670 ms/570 ms, and Pilatus/Sophias 

for the SAXS/WAXS measurements, respectively.  

For the data analysis, the two-dimensional (2D) scattering intensities obtained 

without the specimens were subtracted from the intensities obtained with them in 

consideration of the transmittances of X-rays obtained by the ion chambers installed 

before and after the specimens. Finally, the intensities were divided by the thickness of 

the specimens. The thickness during stretching was calculated using the thickness before 

stretching and Lambert–Beer’s law. 

 

4.3  Results and Discussion 

4.3.1  S-S Curves 

The S-S curves obtained during the USAXS measurements are shown in Figure 

4.1. The strain λ is defined as: 
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𝜆 =
𝐿

𝐿
 (4.1) 

 

where L0 and L are the chuck distances before and after applying strain, respectively. The 

stress is the engineering stress. Two yield points at λ = 1.07 and 1.17 were observed for 

the LLDPE, while one yield point at λ = 1.05 was observed for the HDPE. Necks were 

generated at the center of the specimens (area irradiated with X-rays) immediately after 

passing over the 2YP of the LLDPE and the YP of the HDPE. Whitening also occurred in 

the HDPE at the onset of necking. Owing to the shape of the specimens, the propagation 

of the necking was very limited and hardly observable on either specimen. The incident 

X-rays always irradiated the necks after their appearance, so that the scattering patterns 

reflected the necking process. 

 

Figure 4.1 S-S curves of the LLDPE and HDPE. The arrows indicate the yield points. 
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4.3.2  Analyses of Hierarchical Structures before Stretching 

Figures 4.3(a) and 4.10(a) show the 2D USAXS patterns for the LLDPE and 

HDPE, respectively, before stretching (λ = 1.00). Both patterns were isotropic, and the 

2D SAXS and WAXS patterns for the LLDPE (Figures 4.3(i) and (q), respectively) and 

HDPE (Figures 4.10(i) and (q), respectively) were also isotropic, indicating that 

anisotropy in the hierarchical structures was not induced in the preparation processes. I 

averaged the 2D patterns and estimated characteristic parameters from the obtained 

scattering profiles. Figure 4.2(a) shows the combined USAXS and SAXS profiles for both 

specimens. Here, q is the magnitude of the scattering vector q defined by q = (4π/λX-

ray)sin(θ/2), where λX-ray and θ are the wavelength of the incident X-rays and the scattering 

angles, respectively.  

The profiles in the region of q < 0.015 nm−1 showed the following power laws: 

I(q) ∝ q−2.7 for LLDPE and I(q) ∝ q−2.4 for HDPE. The results suggest that submicron-

scale density fluctuations with mass fractal dimensions (Dm) of 2.7 and 2.4 existed in the 

LLDPE and HDPE, respectively.  

At approximately q = 0.2 nm−1, peaks derived from the lamellar structures were 

observed for both specimens. The peaks from the HDPE were clearer than those from the 

LLDPE, indicating that the regularity of the lamellar structures in the HDPE was higher 

than that in the LLDPE. One-dimensional correlation functions were calculated from the 

scattering profiles for both specimens, and I estimated the long spacing (dac) and crystal 

thickness (dc) from the correlation functions.15 

In the WAXS profiles (Figure 4.2(b)), reflections from the (110) and (200) lattice 

planes in the orthorhombic phase were observed, and I calculated the crystallinity (Wc) 

values. The obtained parameters are listed in Table 4.2. The parameters clarified that the 

HDPE had a higher crystallinity than the LLDPE.  
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Figure 4.2 (a) Combined USAXS/SAXS profiles and (b) WAXS profiles of the 
LLDPE and HDPE before stretching (λ = 1.00). 
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Table 4.2 Characteristic Parameters of the LLDPE and HDPE  
Before Stretching (λ = 1.00)  

name Dm (-) dac (nm) dc (nm) Wc (wt%) 
LLDPE 2.7 15.8 6.21 36.0 
HDPE 2.4 22.6 13.4 58.9 

 

4.3.3  Changes in the Hierarchical Structures in the LLDPE 

Figure 4.3 shows the changes in the 2D USAXS, SAXS, and WAXS patterns as 

a function of strain for the LLDPE, and Figure 4.4 shows the combined USAXS and 

SAXS profiles for the LLDPE along the directions parallel and perpendicular to the 

stretching axis. The profiles I||(q) along the parallel direction were obtained by sector 

averages for 85° < μ < 95° and 265° < μ < 275°, while the profiles I⊥(q) along the 

perpendicular direction were for −5° < μ < 5° and 175° < μ < 185°. The definition of the 

azimuthal angle μ is shown in Figure 4.3(b).  

The changes in the scattering patterns with strain can be divided into the 

following four regions. Region Ⅰ occurs before the 1YP or when λ < 1.07, Region Ⅱ occurs 

between the 1YP and 2YP or when 1.07 < λ < 1.17, Region Ⅲ occurs after the 2YP and 

the formation of necking or when 1.17 < λ < 1.30, and Region Ⅳ occurs upon the 

formation of a fibrillar structure or when 1.30 < λ. 

Region Ⅰ 

In Region Ⅰ (λ < 1.07), strain induced affine deformation in the hierarchical 

structure of the LLDPE. The USAXS patterns of the LLDPE (Figures 4.3(a)–(c)) hardly 

changed with strain; as the same is true for the SAXS patterns (Figures 4.3(i)–(k)) in 

Region Ⅰ. In the q < 0.05 nm−1 region on the combined USAXS and SAXS profiles in 

Figures 4.4(a) and (e), I||(q) and I⊥(q) shifted to smaller and larger q, respectively, with 

the strain. The changes in the profiles in the small q-region indicate that the submicron 

structure was elongated along the parallel direction.  

The peak positions of I||(q) and I⊥(q) also shifted toward smaller q and toward  
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larger q, respectively, with the strain. The long spacings along the parallel (D||) and 

perpendicular (D⊥) directions were calculated from the following equation: 

 

𝐷 =
2𝜋

𝑞 ,
  𝑖 =∥, ⊥ (4.2) 

 

where qm,|| and qm,⊥ are the peak positions. I obtained qm,|| and qm,⊥ by fitting I||(q) and 

I⊥(q), respectively, to a linear combination of a power law and Gaussian function. The 

ratios Di(λ)/Di(1) were plotted against λ in Figure 4.5. The solid and dashed lines in the 

Figure are calculated by the following equations obeying affine deformation: 

 

𝐷∥(𝜆)

𝐷∥(1)
= 𝜆 (4.3) 

𝐷 (𝜆)

𝐷 (1)
= 𝜆  (4.4) 

 

As shown in Figure 4.5, the change in the long spacing of the LLDPE followed affine 

deformation in Region I.  

Figure 4.6(a) shows the change in the μ dependence of the reduced peak intensity 

Im,SAXS(μ, λ)/Im,SAXS (μ, 1) of SAXS patterns in Region I. I fitted sector averages at every 

10° to the same function as above and plotted the obtained front factors of the Gaussian 

function against μ. At first, Im,SAXS(μ, λ)/Im,SAXS (μ, 1) increases around μ = 90˚ with strain, 

indicating that the lamellar structures are slightly oriented to the direction perpendicular 

to the strain direction. Then, the peak at μ = 45˚ and 135˚ corresponding to the four-point 

pattern was observed at the 1YP, suggesting that the chevron-type morphology was 

formed at 1YP, or λ = 1.07, and the fragmentation and rotation of the lamellar structures 

by coarse slip occurred even at 1YP.16,17 The changes in the crystalline lattice structure 

are characterized by the μ dependences of the reduced diffraction peak intensity I110,ortho(μ, 

λ)/I110,ortho(μ, 1) as shown in Figure 4.6(b) in Region I. The figure shows the decrease 
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around μ = 90˚ and the increase at μ = 150˚ at λ = 1.07 (1YP). The increase at μ = 150˚ in 

WAXS and at μ = 135˚ in SAXS implies that fine slip also occurred at the 1YP. Actually, 

as shown in Figures 4.7(a) and (b), the increase in (010)mono was found at the 1YP, 

reflecting the formation of monoclinic phase. The monoclinic phase is believed to be 

transformed by fine slip on the (110)ortho plane.18 The peak of (010)mono appeared at μ = 

180˚, indicating that the dominant direction of fine slip was perpendicular to the stretching 

direction. Thus, I concluded that both coarse slip and fine slip occurred at the 1YP.  

Region Ⅱ 

In Region Ⅱ, or the region between the 1YP and 2YP (1.07 < λ < 1.17), 

inhomogeneous deformation occurred on the submicron scale, and a chevron-type 

morphology was developed. In the USAXS patterns (Figures 4.3(c)–(e)), the intensity 

along the parallel direction increased, and the abnormal butterfly patterns clearly  

Figure 4.5 λ dependence of D//(λ)/D//(1) and D⊥(λ)/D⊥(1) of the LLDPE. The solid 
and dashed lines are the lines calculated by Eqs (5.3) and (5.4) obeying affine 
deformation. 
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Figure 4.6 μ dependence of (a) the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 1) 
of SAXS patterns and (b) I110,ortho(μ, λ)/I110,ortho(μ, 1) in WAXS patterns in Region I in 
the LLDPE. 

Figure 4.7 (a) WAXS profiles parallel and perpendicular to the stretching directions 
at λ = 1.07, (b) evolution of the diffraction intensities from the (010) plane in the 
monoclinic crystals. 
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appeared. Accordingly, an enhancement in I||(q) was observed in Figure 4.4(b). Abnormal 

butterfly patterns are observed in materials where internal structures are not deformed 

homogeneously under uniaxial stretching or simple shear, such as polymer gels19,20 under 

uniaxial stretching, semidilute polymer solutions under shearing,21-24 and rubber filled 

with inorganic particles under uniaxial stretching.9-10,25 In the LLDPE case, the 

interpretation is that the amount of deformation differed between the high-crystallinity 

region (HCR) and low-crystallinity region (LCR) on the scale of the lamellar branching 

structures. 

On the scale of the lamellar structures (Figures 4.3(k)–(m)), as described above, 

four-point patterns became distinct with strain. Figure 4.8(a) shows the μ dependence of 

the peak intensities calculated from the SAXS patterns. Figure 4.8(a) makes it clear that 

the four-point pattern and the corresponding lamellar fragmentation and rotation were 

developed after the 1YP. In addition, the intensity of the four-point pattern decreased after 

the 1YP, indicating that the crystals melted mechanically.6-7,26 

The (110)ortho peak in the WAXS patterns (Figures 4.3(s)–(u) and 4.8(b)) is also 

associated with the rotation and oriented in the diagonal direction. On the other hand, the 

orientation of the (200)ortho peak was developed in the perpendicular directions in Region 

Ⅱ, as shown in Figure 4.8(c). The fact that (200)ortho planes were not oriented diagonally 

but the (110)ortho planes were oriented diagonally indicates that fragmentation occurred 

on the (110)ortho planes. Also, extra peaks from the (010)mono planes were observed in the 

smaller q-region. The (010)mono plane was also oriented as with the (110)ortho plane. Thus, 

the WAXS patterns indicate that both lamellar fragmentation (coarse slip) and fine slip 

occurred on the (110)ortho plane. The remarkable decrease in the overall intensity after the 

1YP in Figures 4.8(b) and (c) also supports the mechanical melting. 

Region Ⅲ 

In Region Ⅲ, voids emerged and elongated along the parallel direction on the 

submicron scale, and the chevron-type morphology started to transform into a fibrillar  
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Figure 4.8 μ dependence of (a) the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 1) 
of SAXS patterns, (b) I110,ortho(μ, λ)/I110,ortho(μ, 1), (c) I200,ortho(μ, λ)/I200,ortho(μ, 1), and 
(d) I010,mono(μ, λ)/ I010,mono(μ, 1) in WAXS patterns in Region II in the LLDPE. 
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structure. In the fibrillar structure, the recrystallized lamellar structure aligned in the 

parallel direction, and the long spacing was shorter than the original lamellar structures. 

As shown in Figures 4.3(e)–(g), the USAXS intensity along the perpendicular direction 

increased, and strong streak scattering appeared along the perpendicular direction. The 

appearance of voids was clearly observed as an enhancement of I⊥(q) at 0.02 < q < 0.08 

nm−1 in Figure 4.4(f). The increase in intensity was observed only in I⊥(q) at λ = 1.17, so 

that the shape of the voids is elongated in the strain direction. The elongated voids 

coarsened in the strain direction by coalescence of the voids, and a string-like shape 

aligned to the stretching direction was formed, resulting in the appearance of streak 

scattering. Similar behaviors were observed during the shear-induced phase separation of 

semidilute polymer solutions by Kume et al.21 They found a butterfly pattern followed by 

a streak pattern with increasing shear rate, and their optical microscopy observations 

clarified that the formation of a string-like structure was the origin of the streak scattering 

pattern. Since the necking process started at the 2YP, the formation of elongated voids 

induced it.  

At approximately λ = 1.30 in the SAXS patterns (Figure 4.3(o)), a broad peak 

appeared at approximately q = 0.4 nm-1 in the parallel direction, indicating that the 

recrystallized lamellar structure stacked with short spacings was formed along the parallel 

direction, as already reported.4,6,7,17,26-27 The shift of the peak from q = 0.2 nm−1 of the 

original lamellar structure to q = 0.4 nm−1 shown in Figure 4.4(c) originates from the fact 

that the effective quench depth under strain is smaller than that without strain. 

As shown in the WAXS patterns (Figures 4.3(u)–(w)) and μ dependences of the 

diffraction peaks (Figures 4.9(a) and (b)), the (110)ortho peak corresponding to the four-

point pattern decreased while the peak intensity of the (110)ortho and (200)ortho at μ = 180°  

increased with strain. The (010)mono reflection also decreased with strain (Figure 4.9(c)). 

This change also supported the formation of a fibrillar structure. 
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Figure 4.9 μ dependence of (a) I110,ortho(μ, λ)/I110,ortho(μ, 1), (b) I200,ortho(μ, λ)/I200,ortho(μ, 
1), and (c) I010,mono(μ, λ)/I010,mono(μ, 1) in WAXS patterns in Regions III and IV in the 
LLDPE. 
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Region Ⅳ 

In Region Ⅳ, the USAXS pattern hardly changed with the strain (Figure 4.3(h)), 

indicating that the elongated voids did not develop substantially. The chevron-type 

morphology transformed into a fibrillar structure completely. This transition caused the 

disappearance of the four-point pattern in the SAXS pattern (Figure 4.3(p)). The peaks at 

μ = 180° in the WAXS patterns increased with the strain, as shown in Figure 4.9, 

suggesting that the orientation of the lattice structure along the parallel direction 

progressed with strain. 

 

4.3.4  Changes in the Hierarchical Structures in the HDPE 

Figure 4.10 shows the changes in the USAXS, SAXS, and WAXS patterns with 

strain, and Figure 4.11 shows I||(q) and I⊥(q) for the combined USAXS and SAXS profiles 

for the HDPE.  

The change in the scattering patterns from the HDPE with strain can be divided 

into the following three regions. Region I contains weak inhomogeneous deformation on 

the submicron scale and affine deformation of the lamellar structures before the YP or 

when λ < 1.05, Region Ⅱ contains strong inhomogeneous deformation on the submicron 

scale or when 1.05 < λ < 1.21, and Region Ⅲ contains formation of the elongated voids 

and fibrillar structures or when 1.21 < λ. 

Region I 

In Region I (λ < 1.05), the strain induced weak inhomogeneous deformation on 

the submicron scale, while the lamellar structure was deformed with affine deformation.  

In the USAXS patterns (Figures 4.10(a)–(c)) and profiles from the HDPE (Figure 

4.11(a)), the scattering intensity along the parallel direction increased with strain. The 

increase in I||(q) in the USAXS region agrees with the inhomogeneous deformation 

between the HCRs and LCRs, as described above. However, the butterfly pattern was not 

observed in this region, and the inhomogeneity was not strong. As shown in the SAXS 
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patterns (Figures 4.10(i)–(k)) and profiles (Figure 4.11(a)), the peak positions in I||(q) and 

I⊥(q) shifted toward smaller q- and larger q-regions, respectively, with strain. The changes 

in 𝐷 (𝜆)/𝐷 (1)  (𝑖 =∥ or ⊥)  in Figure 4.12 approximately followed the affine 

deformation. The WAXS patterns (Figures 4.10(q)–(s)) and μ dependences of the 

diffraction peaks in Figure 4.13 in Region I hardly changed with strain. However, a weak 

(010)mono reflection was detected in the parallel direction near the YP (Figure 4.10(s)) as 

well as in the LLDPE.  

Thus, inhomogeneous deformation on the submicron scale and affine 

deformation in the lamellar structure occurred, but the lattice structure was hardly 

deformed. However, a very small part of the crystals with the orthorhombic phase 

transformed into those with the monoclinic phase near the YP by fine slip.  

Region Ⅱ 

In Region Ⅱ or when 1.05 < λ < 1.21, inhomogeneous deformation and 

generation of voids occurred on the submicron scale, and a chevron-type morphology 

developed. In the USAXS patterns (Figures 4.10(d)–(g)), I||(q) increased, and the butterfly 

patterns appeared clearly. Accordingly, an enhancement in I||(q) was observed in Figure 

4.11(b). The development of the butterfly pattern in the HDPE was much stronger than 

that in the LLDPE. In addition, I⊥(q) also increased (Figures 4.10(d)-(g) and 11(e)), 

suggesting the generation of voids immediately after the inhomogeneous deformation by 

the strong enhancement of the fluctuation. At the YP, necking and whitening occurred, 

supporting that the large amplitude, namely, the difference in electron density between 

the HCR and LCR, appeared in this region. The difference was caused by the large 

inhomogeneity of the stress field that arose from the stability of the crystals in the HDPE, 

which is discussed later. 

The scattering intensity of the inhomogeneous structure dominated even the 

SAXS region (Figures 4.11(b) and (e)). Because of this overlap, the scattering from the 

lamellar structure was buried, and I was not able to evaluate its fragmentation. However, 



88 

 

 

the WAXS patterns (Figures 4.10(t)–(w)) and μ dependence of the diffraction peaks in 

Figures 4.13(a) and (c) showed that the (110)ortho and (010)mono peaks in the WAXS 

patterns were also oriented in the diagonal direction. This change is identical to that in 

Region Ⅱ of the LLDPE. Thus, I expect a chevron-type morphology from the 

fragmentation and rotation of the lamellar structure by coarse slip.  

In addition, mechanical melting slightly occurred as well in the HDPE as 

indicated by the decrease in the overall intensity in Figures 4.13(a) and (b). In contrast to 

the LLDPE, it started after the void generation and was not involved in the fracture 

mechanism in the HDPE. 

Region Ⅲ 

In Region Ⅲ, voids or string-like structure elongated along the parallel direction 

on the submicron scale were observed, and the chevron-type morphology was 

transformed into a fibrillar structure. The streaking along the perpendicular direction  

Figure 4.12 λ dependence of D//(λ)/D//(1) and D⊥(λ)/D⊥(1) in the HDPE. The solid 
and dashed lines are the lines calculated by Eqs. (5.3) and (5.4) obeying affine 
deformation. 
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Figure 4.13 μ dependence of (a) I110,ortho(μ, λ)/I110,ortho(μ, 1), (b) I200,ortho(μ, λ)/I200,ortho(μ, 
1), and (c) I010,mono(μ, λ)/I010,mono(μ, 1) in WAXS patterns in the HDPE. I110,ortho(180, 
2)/I110,ortho(180, 1) = 10.5 and I200,ortho(180, 2)/I200,ortho(180, 1) = 7.60. 



90 

increased with strain, as shown in the USAXS patterns (Figures 4.10(g)–(h)) and profiles 

(Figure 4.11(f)). They indicate that the string-like structure developed along the parallel 

direction by the coalescence and elongation of voids associated with the strain, as 

observed in Region Ⅳ for the LLDPE.  

Although peaks from the lamellar structure in the SAXS patterns were not 

distinctly observed (Figures 4.10(o)–(p)), broad peaks around q = 0.4 nm−1 along the 

parallel direction were observed at λ = 2.00 (Figure 4.11(c)). The WAXS patterns and μ 

dependences of the peak intensities from the (110)ortho, (200)ortho, and (010)mono planes 

(Figures 4.11(w), (x) and 4.13) showed that the peaks at μ = 180° increased with strain, 

indicating the formation of a fibrillar structure. 

 

4.3.5  Schematic Illustrations of the Changes in the Hierarchical Structures under 

Stretching 

Schematic illustrations of the changes in the hierarchical structures in the 

LLDPE and HDPE were made based on the above discussion and are shown in Figure 

4.14.  

In both specimens, similar changes were found in each hierarchical structure. On 

the submicron scale, inhomogeneous deformations characterized by butterfly patterns 

between the HCRs and LCRs occurred, and the inhomogeneous structures led to the 

generation of voids. The lamellar structures experienced affine deformation and then 

transformed into chevron-type morphologies by fragmentation. Subsequently, fibrillar 

structures with short spacings were formed. According to the changes in the lamellar 

structures, the lattice structures became oriented in the same directions. However, the 

correlation between the changes in the hierarchical structures and the yielding behavior 

of the LLDPE differed from that of the HDPE. 

In the LLDPE case, the formation of the chevron-type morphology and the 

inhomogeneous deformation on the submicron scale started at the 1YP, and the generation 
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of voids and its elongation started at the 2YP. On the other hand, the HDPE showed one 

yield point. At the YP, a strong inhomogeneity characterized by butterfly patterns was 

observed, and generation of voids and its elongation immediately started. This was caused 

by the difference in the spatial inhomogeneity in the stress fields. Doi and Onuki and 

Furukawa and Tanaka have theoretically indicated that a spatial inhomogeneity in the 

stress field enhances the concentration or density fluctuation during deformation.28,29 

According to their theories, the gradient of a stress field is proportional to the flux of the 

fluctuation. The crystals in the LLDPE were less stable and more likely to mechanical 

melt than those in the HDPE because they were thinner (Table 4.2) and influenced by 

comonomers.30,31 Mechanical melting contributed to decreasing the gradient between the 

HCR and LCR, suppressing the enhancement of the fluctuation and delaying the 

generation of voids and necks. In other words, more stress was diffused on the scale of 

the lamellar structures in the LLDPE than in the HDPE. 

In both specimens, the coarse and fine slips occurred as observed in previous 

studies. However, the structural change on the submicron scale affected the yield 

behaviors more strongly than the slips. It should be noted that the domination of the 

structural change on the submicron scale do not always occur in other LLDPE materials 

because the stability of the crystals may have changed because of crystallinity and 

comonomers. Even if the structural changes on the scale smaller than the lamellar 

structure have differed, the inhomogeneous flow affected by those structural changes 

would have given the universal fracture mechanism for PE. In the next chapter, the effects 

of crystallinity and comonomers will be quantitatively discussed. 
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4.4  Conclusion 

The changes in the hierarchical structures of the LLDPE and HDPE, which 

showed a morphological transformation from spherulites to a fibrillar structure as a result 

of different yielding behaviors under uniaxial stretching, were observed using time-

resolved USAXS, SAXS, and WAXS. 

The S-S curve of LLDPE showed two yield points. Homogeneous deformation 

occurred in the structure on the submicron scale and in the lamellar structures until the 

1YP. After the 1YP, the inhomogeneous deformation on the submicron scale started, and 

the density fluctuation was enhanced. The enhancement of density fluctuations and the 

formation of voids are induced by viscoelastic effects. According to the theory on the 

viscoelastic effect, the spatial inhomogeneity of the stress field causes the enhancement 

of density fluctuations under strain. Thus, the spatial distribution of the amorphous region 

plays an important role in the enhancement of density fluctuations and the formation of 

voids. The coarse slip followed by lamellar fragmentation and rotation produced the 

chevron-type morphology. The fine slip caused the phase transformation in the lattice 

structure. The strain also induced mechanical melting of the crystalline structure. After 

the 2YP, voids emerged and developed into the string-like structure in the LCR, which 

induced necking. The chevron-type morphology transformed into a fibrillar structure 

where the original and recrystallized lamellar structures were oriented along the parallel 

direction. 

The HDPE exhibited one yield point on the S-S curve. Weak inhomogeneous 

deformation was observed on the submicron scale until the YP, while the lamellar 

structure showed affine deformation. However, a very small part of the crystals started 

the phase transformation. After the YP, the strong inhomogeneous deformation 

immediately caused the generation and aggregation of voids, and necking occurred with 

whitening. The chevron-type morphology was also formed, and then, the transformation 

to a fibrillar structure was observed, as in LLDPE. 
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Void formation did not occur at the 1YP but at the 2YP for the LLDPE, while 

voids were formed at the YP in the HDPE. This difference was caused by the fact that the 

lamellar structures in the LLDPE were obviously less stable than those in the HDPE. The 

modulus of the lamellar structure in the LLDPE was lower than that in the HDPE, so the 

increase in the density fluctuation with strain in the HDPE was much stronger than that 

in the LLDPE. The stability of the crystals in the LLDPE depended on the comonomer 

species and contents, so the yield behaviors were strongly affected by those factors. I 

elucidate the contribution of these factors quantitatively in the next chapter.   
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Chapter 5 

Factors Governing the Strain-Induced Density 

Fluctuations in PE 

 

 

5.1  Introduction 

Linear low-density Polyethylene (LLDPE) has been used widely in daily life 

owing to its excellent properties such as high tensile strength, high impact resistance and 

flexibility, and so on. LLDPE is made by copolymerization of ethylene and α-olefins. The 

various kinds of LLDPE with different comonomer characteristics such as species and 

contents have been produced industrially. LLDPE exhibits various mechanical properties 

depending on the comonomer characteristics so that the LLDPE suitable to the purpose 

can be selected from them. The variety of the mechanical properties originates from the 

change in the crystalline structures of the LLDPE with the comonomer characteristics. It 

is well-known that the crystalline polymers form hierarchical structures including 

crystalline lattice structures, lamellar structures, and spherulitic structures filled with 

lamellar branching structures, as shown in Figure 1.1. To understand the effects of the 

comonomer characteristics on the mechanical properties, the change in the hierarchical 

structures of the LLDPE having different comonomer characteristics needs to be 

investigated under stretching.  

In Chapter 4, I have investigated how the hierarchical structures affect the 

mechanical properties of high-density polyethylene (HDPE) and LLDPE during uniaxial 
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stretching by using time-resolved X-ray scattering methods.1 Their scattering patterns in 

ultra-small-angle X-ray scattering (USAXS) region showed the so-called abnormal 

butterfly patterns after some extent of strain, indicating that the enhancement of the 

density fluctuations on the order of 100 nm to 1 μm (submicron scale) was induced by 

strain. The further strain was found to cause the transformation of the density fluctuations 

into voids. The enhancement or strain-induced density fluctuation (SIDF) originates from 

the viscoelastic effect found in dynamically asymmetric systems such as gel under 

stretching and semidilute polymer solution under shear.2-7 In the systems, concentration 

or density fluctuations induce the spatial inhomogeneity of the stress fields and the 

gradient of the stress fields enhances the spatial inhomogeneity of concentration or 

density fluctuations under deformation.8,9 In the cases of the HDPE and LLDPE, the 

spatial inhomogeneity of the stress field originating from the spatial inhomogeneity of the 

crystallinity exists as an initial state and the gradient of the stress fields enhances the 

spatial inhomogeneity of the crystallinity under uniaxial stretching. The strength of the 

SIDF in the LLDPE was found to be weaker than that in the HDPE, reflecting that the 

spatial inhomogeneity of the stress field of the LLDPE was smaller than that of the HDPE. 

According to the theory of the viscoelastic effects,8,9 the driving force of the SIDF is 

proportional to the gradient of the stress field. Thus, if melting of crystalline structures 

occurs associating with the application of the strain, the spatial inhomogeneity and the 

gradient of the stress field decrease and the SIDF may be suppressed. Melting of the 

crystalline phase in the LLDPE associating with the application of the strain was found 

to be more remarkable than that in the HDPE. The spatial inhomogeneity of the stress 

field and the SIDF in the LLDPE are, thus, less pronounced than those in the HDPE. It is 

worth mentioning that a number of deformation models below the scale of 100 nm have 
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been proposed based on time-resolved SAXS and WAXS measurements. Some of the 

models were mentioned in the introduction of Chapter 4.1 

It is well-known that the stability of crystalline structures in LLPDE depends on 

comonomer characteristics.10,11 I anticipated that the SIDF behaviors in LLDPE are 

affected by the comonomer characteristics. In this chapter, thus, I investigated how the 

comonomer characteristics affect the SIDF behaviors and clarified the factors governing 

the SIDF in the comonomer characteristics of the LLDPE. 

 

5.2  Experimental Section 

5.2.1  Characterization of Materials 

30 wt% LLDPE/o-dichlorobenzene-d4 solution was prepared for four types of 

LLDPE as shown in Table 5.1. Pulsed Fourier transform 13C nuclear magnetic resonance 

(FT-13C-NMR) measurements were performed at 130°C using a Bruker Avance III 600 

MHz spectrometer. The proton decoupling was achieved only during acquisition to 

suppress the nuclear Overhauser effect. Because the longest spin-lattice relaxation time 

T1 in the LLDPE was 3.6 sec, which would be derived from methyl carbons, the delay 

time between pulses was set to 20 sec (> 5T1). The comonomer species and contents were 

determined by the method of Pooter et al from the obtained spectra.12 The results are 

shown in Table 5.1 as well as the analysis of the molecular weight and its distribution. 

 

5.2.2  Sample Preparation 

The sheets of them in a 2 mm-thick were made by using press machines (MINI 

TEST PRESS-10, TOYOSEIKI). The LLDPE pellets were melted in the machines at 

180˚C, and molded into sheets with 10 MPa for 10 min. Subsequently, they were 
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quenched by transferring them on the plate at 20 °C. Sandglass-shaped specimens with a 

center width of 2 mm were punched out from the sheets. The density and crystallinity Wc 

calculated from the density of the sheets are listed in Table 5.1. Here, I assumed a two-

phase system consisting of a crystalline and amorphous phase, with the density of 1.00 

g/cm3 and 0.855 g/cm3, respectively.13 

 

Table 5.1 Characterization of the Materials Used Herein 

name 
comonomer  

species 

comonomer  

content (mol%) 
Mw

a Mw/Mn
a 

density of the  

sheet at 20 ℃b 
Wc (wt%) 

H920 4-methylpentene-1 3.00 2.0×105 4.2 0.919 g/cm3 48 

H935 4-methylpentene-1 0.80 2.1×105 5.3 0.937 g/cm3 60 

B920 butene-1 3.46 2.2×105 3.2 0.920 g/cm3 49 

B935 butene-1 1.93 2.2×105 4.7 0.933 g/cm3 58 

a. Determined by gel permeation chromatography (Viscotek Triple Detector HT-GPC 
Model-SG system, Malvern Instruments Ltd.) to be polystyrene-equivalent values at 
Northeastern Industrial Research Center of Shiga Prefecture, Shiga, Japan. 

b. Measured by helium pycnometer (AccuPyc 1330, Shimadzu). 

 

5.2.3  USAXS, SAXS, and WAXS Measurements 

In-situ X-ray scattering measurements under tensile tests were performed by 

using a homemade tensile tester with the tensile speed being 1 mm/min. Stress-strain (S-

S) curves were obtained simultaneously during the in-situ X-ray scattering experiments. 

The USAXS measurements were performed at the second hutch of beamline BL03XU, 

SPring-8, Hyogo, Japan.14,15 The camera length and the wavelength of the incident beam 

were, respectively, 7.5 m and 2.0 Å, and thus the wavenumber q-range of USAXS was 

0.0075 < q < 0.5 nm-1. Here, q is the magnitude of the scattering vector q defined by q = 

(4π/λX-ray)sin(θ/2), where λX-ray and θ are the wavelength of the incident X-rays and the 

scattering angles, respectively. Pilatus 1M (DECTRIS) was used as a detector, and the 
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exposure time for each measurement was 850 ms. The simultaneous SAXS and WAXS 

measurements were also performed at the same beamline as used in USAXS 

measurements. The wavelength of the incident X-ray for SAXS and WAXS was 1.0 Å. 

Pilatus 1M and Flat Panel Detector were used as a detector for SAXS and WAXS, 

respectively. The camera lengths for the SAXS and WAXS were 2.4 m and 120 mm, 670 

ms and 570 ms, respectively. The q-ranges of SAXS and WAXS were 0.06 < q < 1.3 nm-

1 and 4 < q < 26 nm-1, respectively. I corrected the two-dimensional (2D) scattering 

patterns of USAXS, SAXS, and WAXS for the background, transmittance, and thickness.  

 

5.3  Results and Discussion 

5.3.1  Hierarchical structures of LLDPE before stretching 

I confirmed by NMR that H920 and H935 contain 4-methylpentene-1 (4MP1) 

and B920 and B935 contain butene-1 as a comonomer, respectively. H920 and B920 show 

higher comonomer content and lower crystallinity than H935 and B935, which proves 

that the increase in the comonomer contents decreases the crystallinity of the sheets. In 

addition, H920, which has slightly lower density than B920, contains smaller comonomer 

content than B920. It indicates that 4MP1, or the bulkier comonomer destabilize the 

lamellar structures by the accumulation near the crystalline surface.10,11 Note that H935 

is the same as the LLDPE in Chapter 4.  

 I analyzed the USAXS, SAXS, and WAXS patterns before stretching and 

obtained the characteristic parameters of the hierarchical structures of the LLDPE 

samples. The scattering patterns of USAXS, SAXS, and WAXS for all LLDPE samples 

before stretching are shown in Figure 5.1. All USAXS, SAXS, and WAXS patterns were 

isotropic and there were no peaks in the patterns in all USAXS patterns. The scattering 
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Figure 5.1 (a)–(d) USAXS, (e)–(h)SAXS, and (e)–(h)WAXS 2D patterns of all 

LLDPE samples before the application of strain. (a)(e)(i), (b)(f)(j), (c)(g)(k), and 

(d)(h)(l) correspond to the scattering patterns of H920, H935, B920, and B935, 

respectively. 
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peak originating from the periodicity of lamellar structures was observed in all SAXS 

patterns. All WAXS patterns exhibited isotropic peaks of the lattice structures of LLDPE. 

I calculated the scattering profiles by averaging the 2D patterns circularly.  

 Figure 5.2 shows the combined USAXS and SAXS profiles and WAXS profiles 

for the LLDPE samples. I quantitatively evaluated the inhomogeneity on the submicron 

scale by calculating the invariant (QU,iso) defined as: 

 

𝑄 , = 4𝜋 ∫ 𝑞 𝐼(𝑞)𝑑𝑞
.

.
  (5.1) 

 

The calculated QU,iso values are listed in Table 5.2. The degree of spatial inhomogeneity 

on the submicron scale decreased with comonomer content in both comonomer types. 

The change in the degree with comonomer content for LLDPE with 1-butene, or B-series 

was greater than that for LLDPE with 4MP1, or H-series. B920 was most inhomogeneous 

while B935 was most homogeneous among all the samples.  

I also attempted to estimate the characteristic lengths of the inhomogeneous 

structures on the submicron scale. In the case of H935, H920, and B920, I(q) at q < 0.06 

nm-1 was expressed by the Debye-Bueche function:16  

 

𝐼(𝑞) =
( )

[ ( ) ]
  (5.2) 

 

where Ξ and I(0) are, respectively, the correlation length of the inhomogeneous structure 
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Figure 5.2 (a) Combined USAXS/SAXS profiles and (b) WAXS profiles of all 

samples before the application of strain. The solid lines in part(a) indicate the fitting 

curves. Each profile is shifted vertically for clarity. 
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and I(q) at q = 0. The values of Ξ and I(0) are also listed in Table 5.2. The values of Ξ 

seemed to be insensitive to the comonomer characteristic. After the polymerization, 

comonomers turn into the short branches. Since the crystalline phase regards the short 

branches as impurities, the short branches ejected from the crystalline phase during the 

crystallization process would induce the inhomogeneous structure. The fact that the 

USAXS profiles can be fitted with Debye-Bueche function suggests that the 

inhomogeneous structure is similar to a phase-separated structure. In the case of B935, 

I(q) at q < 0.05 nm-1 was expressed by the following power-law behavior: 

 

𝐼(𝑞) = 𝐼 𝑞   (5.3) 

 

where If and nf are the front factor and mass fractal dimension, respectively. We could not 

find the characteristic length for B935. The density fluctuation associated with the mass 

fractal-like inhomogeneous structure existed in the spherulites of B935.17 The value of nf 

for B935 was 2.3 and B935 exhibited more homogeneous structure than the other samples. 

 In I(q) at q > 0.06 nm-1, I found the peaks originating from the lamellar structures 

around q = 0.3 nm-1. I estimated the long spacing of the lamellar structures (dac) after 

Lorentz correction.18 The obtained values were listed in Table 5.2.  

I observed reflections from the (110) and (200) lattice planes in the orthorhombic 

phase in the WAXS profiles (Figure 5.2(b)).  
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Table 5.2 Evaluated Parameters in This Section 

name QU,iso (a.u.) I(0) (a.u.) Ξ (nm) dac (nm) 

H920 1.62×10-6 0.295 109 12.0 

H935 9.92×10-7 0.199 112 15.8 

B920 1.94×10-6 0.884 144 11.7 

B935 3.86×10-7 - - 14.9 

 

5.3.2  S-S curves 

S-S curves for the LLDPE samples are shown in Figure 5.3. Here, the vertical 

axis represents the engineering stress, and the horizontal axis represents the draw ratio λ 

defined as: 

 

𝜆 =   (5.4) 

 

with L0 and L being the initial length of the samples and the length of the samples during 

stretching, respectively. Two yield points were observed in all LLDPE samples. I call the 

yield points at the smaller and larger λ 1YP and 2YP, respectively. Note that necking 

occurred in all the samples from the 2YP and that the scattering results reflected necking. 

 I analyzed the changes in each hierarchical structure of the LLDPE samples with 

strain by using USAXS, SAXS, and WAXS as I did in Chapter 4. The changes were able 

to be divided into several strain regions. First, I describe the details of the analyses in each 

region (5.3.3–5.3.5). Then, I describe the analyses focusing on the SIDF (5.3.6–5.3.7). 

For the changes in the hierarchical structures of H935, see the results of the LLDPE in 

Chapter 4.  
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5.3.3  Changes in the Hierarchical Structures of H920 

Figure 5.4 shows the changes in the 2D USAXS, SAXS, and WAXS patterns as 

a function of the strain for H920. I also show the combined USAXS and SAXS profiles 

along with the directions parallel and perpendicular to the stretching axis for H920 in 

Figure 5.5. Here, the profiles I||(q) along the parallel direction were obtained by sector 

averages for 85˚ < μ < 95˚ and 265˚ < μ < 275˚, while the profiles I⊥(q) along the 

perpendicular direction were for −5˚ < μ < 5˚ and 175˚ < μ < 185˚. The definition of the 

azimuthal angle μ is shown in Figure 5.21(b). 

Figure 5.3 S-S curves of all samples. The arrows indicate the yield points. 
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The changes in the scattering patterns with strain can be classified into the 

following 4 regions. Region I: strain domain before the 1YP or at λ < 1.08, Region Ⅱ: 

strain domain between the 1YP and 2YP or at 1.08 < λ < 1.23, Region Ⅲ: strain domain 

after the 2YP or at 1.23 < λ <1.30, and Region IV: strain domain at 1.30 < λ. 

Region I (H920) 

In Region Ⅰ (λ < 1.08), the strain induced the deformation and mechanical melting 

of the lamellar structures. The USAXS patterns of the LLDPE (Figures 5.4(a)–(c)) hardly 

changed with strain. Both I||(q) (Figure 5.5(a)) and I⊥(q) (Figure 5.5(e)) at q < 0.05 nm-1 

did not change with strain. The changes in the profiles in the small q-region indicate that 

the submicron structure was not deformed in this region. Contrary to the results of 

USAXS, the SAXS pattern (Figures 5.4(i)–(k)) was slightly elongated to the direction 

perpendicular to the stretching direction. The peak positions of I||(q) and I⊥(q) shifted 

toward smaller q and larger q, respectively, with the strain. I estimated the long spacings 

along the parallel (D||) and perpendicular (D⊥) directions by using the following equation: 

 

𝐷 =
,

  𝑖 =∥, ⊥  (5.5) 

 

where qm,i is the peak position. I obtained qm,|| and qm,⊥ by fitting I||(q) and I⊥(q), 

respectively, to a linear combination of a power law and Gaussian function. I plotted the 

ratios Di(λ)/Di(1) as a function λ in Figure 5.6(a). The solid and dashed lines obtained by 

the following equations assuming affine deformation:15 
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Figure 5.6 (a) λ dependence of D//(λ)/D//(1) and D⊥(λ)/D⊥(1) of H920. The solid and 

dashed lines are the lines calculated by Eqs. (5.6) and (5.7) obeying affine 

deformation. (b) μ dependence of the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 

1) of SAXS patterns and (c) I110,ortho(μ, λ)/I110,ortho(μ, 1) in WAXS patterns in Region I 

in H920. 
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∥( )

∥( )
= 𝜆  (5.6) 

( )

( )
= 𝜆   (5.7) 

 

The amount of the deformation parallel to the stretching direction is larger than that 

estimated under the assumption of affine deformation. Mechanical melting enhanced the 

increase in the long spacing. Figure 5.6(b) shows the μ dependence of the peak intensities 

of the SAXS patterns. I fitted sector averages at every 10˚ to a linear combination of a 

power law and Gaussian function and plotted the obtained front factors of the Gaussian 

function against μ. Figure 5.6(b) shows that overall intensity decreased with strain. The 

result indicates that mechanical melting started in this region. Figure 5.6(c) shows the μ 

dependence of the WAXS intensity from (110)ortho reflection. The reflection at μ = 90 ° 

decreased with strain, suggesting that the crystalline structure stacked along the 

perpendicular direction was more favorable for mechanical melting than that stacked 

along the parallel direction. Figure 5.6(b) shows that two peaks appeared at 0 < μ < 180° 

around the 1YP, indicating the formation of diagonal pattern, or so-called four-point 

pattern. The patterns attributed to the chevron-type morphology induced by the 

fragmentation and rotation of the lamellar structures. As shown in Figure 5.6(c), The μ 

dependence of the WAXS intensity from (110)ortho reflection also split around the 1YP. 

The changes in SAXS and WAXS patterns indicate lamellar fragmentation and rotation 

started around the 1YP. After the 1YP, the small peak from (010) plane in the monoclinic 

phase appeared along the parallel direction (Figure 5.7). This transformation was also 
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observed in H935. The fine slip on the (110)ortho plane causes the transformation into the 

monoclinic phase. 

Region II (H920) 

In Region Ⅱ (1.08 < λ < 1.23), the inhomogeneous structure on the submicron 

scale hardly changed with strain, and a chevron-type morphology was developed. The 

USAXS patterns (Figures 5.4(c)–(e)) hardly changed with strain. In the profiles of 

USAXS region, I found the shift of the profiles to smaller q-region, indicating that the 

elongation of the inhomogeneous structure along the parallel direction might occur with 

strain. In SAXS patterns (Figures 5.4(k)–(m)), the four-point patterns were clearly 

observed, reflecting the rotation and orientation in the diagonal direction of lamellar 

structures. The (110)ortho peak in the WAXS patterns (Figures 5.4(s)–(u)) was also oriented 

in the diagonal direction. The μ dependence (Figure 5.8(a)) clearly shows the change in  

Figure 5.7 (a) WAXS profiles parallel and perpendicular to the stretching directions 

at λ = 1.08 and (b) evolution of the diffraction intensities from the (010) plane in the 

monoclinic crystals. 
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Figure 5.8 μ dependence of (a) I110,ortho(μ, λ)/I110,ortho(μ, 1), (b) I200,ortho(μ, λ)/I200,ortho(μ, 

1), and (c) I010,mono(μ, λ)/ I010,mono(μ, 1) in WAXS patterns in Region II in H920. 
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the orientation. The (200)ortho peak developed in the perpendicular directions (Figure 

5.8(b)). The perpendicular orientation of (200)ortho planes and the diagonal orientation of 

the (110)ortho planes indicate that fragmentation occurred on the (110)ortho planes. 

Moreover, the (010)mono planes oriented along with the (110)ortho plane (Figure 5.8(c)). 

Thus, the WAXS patterns indicate that both lamellar fragmentation (coarse slip) and fine 

slip occurred on the (110)ortho plane.  

Region III (H920) 

 In Region Ⅲ, the inhomogeneous structure on the submicron scale elongated 

along the parallel direction, and the chevron-type morphology transformed into a fibrillar 

structure. The fibrillar structure included the recrystallized lamellar structure aligned in 

the parallel direction. The long spacing of the recrystallized lamellar structure was shorter 

than the original lamellar structures. As shown in Figures 5.4(e) and (f), the USAXS 

intensity elongated to the perpendicular direction. Thus, the inhomogeneous structures 

elongated to the direction parallel to the stretching direction. The SAXS patterns (Figures 

5.4(m) and (n)) showed the decrease in the four-point pattern with strain, associating with 

mechanical melting. At approximately λ = 1.30, a broad peak appeared at approximately 

q = 0.4 nm-1 in the parallel direction. This peak reflects the recrystallized lamellar 

structure stacked with short spacings along the parallel direction. The WAXS patterns 

(Figures 5.4(u) and (v)) and μ dependences of the diffraction peaks (Figure 5.9 (a)) show 

the (110)ortho peak corresponding to the four-point pattern decreased while the peak 

intensity at μ =180° increased with strain, indicating the formation of a fibrillar structure. 

Region IV (H920) 

 In Region Ⅳ, I observed the streak in the USAXS pattern (Figure 5.4(h)), 

indicating that the elongated voids appeared. The chevron-type morphology transformed  
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Figure 5.9 μ dependence of (a) I110,ortho(μ, λ)/I110,ortho(μ, 1), (b) I200,ortho(μ, λ)/I200,ortho(μ, 

1), and (c) I010,mono(μ, λ)/I010,mono(μ, 1) in WAXS patterns in Region III and IV in 

H920. 
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into a fibrillar structure completely, which was shown in the disappearance of the four-

point pattern in the SAXS pattern (Figure 5.4(p)). The peaks at μ =180° in the WAXS 

patterns increased with the strain, as shown in Figure 5.9, suggesting that the orientation 

of the lattice structure along the parallel direction progressed with the strain. 

 

5.3.4  Changes in the Hierarchical Structures of B920 

The 2D USAXS, SAXS, and WAXS patterns are shown in Figures 5.10 and 5.15 

as a function of the strain for the B920 and B935, respectively. I also show the combined 

USAXS and SAXS profiles along with the directions parallel and perpendicular to the 

stretching axis for the B920 and B935 in Figures 5.11 and 5.16, respectively. 

The changes in the scattering patterns with strain can be classified into the 

following 3 regions. Region I: strain domain at λ < 1.04 (λ = 1.04 is not at 1YP), Region 

Ⅱ: strain domain at 1.04 < λ < 1.26 (2YP), Region Ⅲ: strain domain after the 2YP or at 

1.26 < λ. 

Region I (B920) 

In Region Ⅰ (λ < 1.04), the strain induced the inhomogeneous deformation on the 

submicron scale as well as the deformation of the lamellar structures. In the USAXS 

patterns (Figures 5.10(a)–(c)), the intensity along the parallel direction increased with 

strain. The increase along stretching direction indicates the inhomogeneous deformation 

between the high-crystallinity region (HCR) and the low-crystallinity region (LCR), but 

a clear butterfly pattern was not observed. The plot of Di(λ)/Di(1) vs λ in Figure 5.12(a) 

deviated from affine deformation even smaller λ in Region I as in the case of H920. On 

the other hand, mechanical melting did not occur in B920 in contrast to in H920 (see 

Figure 5.12(b)). The reason for the deviation from affine deformation was the inhomogen- 
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eous deformation. The lamellar structures in the LCR deformed larger than that in the 

HCR, and the deviation reflected the lamellar structures in the LCR.  

Region II (B920) 

In Region II (1.04 < λ < 1.26 (2YP)), the strain developed a chevron-type 

morphology and enhanced the density fluctuations on the submicron scale. The abnormal 

butterfly patterns were observed in USAXS patterns and profiles (Figures 5.10(c)–(e) and 

5.11(b)), originating from the inhomogeneous deformation as described above. In the 

SAXS pattern (Figures 5.10(j)–(l)), the four-point patterns characterizing the lamellar 

fragmentation and rotation developed. Besides, the azimuthal dependence of the SAXS 

peak in Figure 5.13(a) indicates that mechanical melting occurred in Region Ⅱ. The 

WAXS peaks (Figures 5.10(r)–(t)) were also split and the (110)ortho and (010)mono planes 

oriented diagonally (Figures 5.13(b) and (d)) according to  

Figure 5.12 (a) λ dependence of D//(λ)/D//(1) and D⊥(λ)/D⊥(1) of B920. The solid and 

dashed lines are the lines calculated by Eqs. (5.6) and (5.7) obeying affine 

deformation. (b) μ dependence of the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 

1) of SAXS patterns in Region I in B920. 
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Figure 5.13 μ dependence of (a) the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 1) 

of SAXS patterns, (b) I110,ortho(μ, λ)/I110,ortho(μ, 1), (c) I200,ortho(μ, λ)/I200,ortho(μ, 1), and 

(d) I010,mono(μ, λ)/ I010,mono(μ, 1) in WAXS patterns in Region II in B920.  
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the development of the chevron-type morphology. In contrast, the orientation of the 

(200)ortho plane in μ = 180˚ progressed (Figure 5.13(c)) as in H920, reflecting the 

realignment of the polymer chains in the mechanically melted region. 

Region III (B920) 

 In Region Ⅲ, inhomogeneous structure or voids on the submicron scale 

elongated along the parallel direction, and the chevron-type morphology transformed into 

a fibrillar structure. The streaks elongated to the perpendicular direction were found in 

USAXS patterns as shown in Figures 5.10(e)–(g), and profiles in Figure 5.11(f). The 

change in the USAXS pattern indicates the inhomogeneous structures or voids elongated 

to the direction parallel to the stretching direction. In the SAXS patterns (Figures 5.10(l)–

(n)), the four-point pattern decreased with strain, associating with mechanical melting. At 

the 2YP, a broad peak increased at approximately q = 0.4 nm-1 in the parallel direction 

with strain, supporting the formation of the fibrillar structure. The WAXS patterns 

(Figures 5.10(t)–(v)) and μ dependences of the diffraction peaks (Figures 5.14(a) and (c)) 

show the (110)ortho and (010)mono peaks corresponding to the four-point pattern decreased 

while the peak intensity at μ = 180° increased with strain. The μ dependence of the 

(200)ortho peak (Figure 5.14(b)) was not split and the intensity at μ = 180° monotonically 

increased with strain. These changes in the WAXS patterns also supported the formation 

of the fibrillar structure. 

 

5.3.5  Changes in the Hierarchical Structures of B935 

The changes in the scattering patterns with strain can be classified into the 

following 4 regions. Region I: strain domain before the 1YP or at λ < 1.07 (1YP), Region 

Ⅱ: strain domain at 1.07 (1YP) < λ < 1.15 (2YP), Region Ⅲ: strain domain after the 2YP  
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Figure 5.14 μ dependence of (a) I110,ortho(μ, λ)/I110,ortho(μ, 1), (b) I200,ortho(μ, λ)/I200,ortho(μ, 

1), and (c) I010,mono(μ, λ)/I010,mono(μ, 1) in WAXS patterns in Region III in B920. 
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or at 1.15 < λ <1.40, and Region IV: strain domain at 1.40 < λ. 

Region I (B935) 

 In Region Ⅰ (λ < 1.07 (1YP)), strain induced affine deformation in lamellar 

structures and elongation of the inhomogeneous structures on the submicron scale. Little 

change was observed in USAXS (Figures 5.15(a) and (b)) and SAXS patterns (Figures 

5.15(i) and (j)) with strain in Region I. However, I was able to find the changes in I||(q) 

and I⊥(q) (Figures 5.16(a) and (e)). I⊥(q) in the USAXS region increased with strain while 

I||(q) in the USAXS region did not change, suggesting that the affine deformation occurred 

on the submicron scale. As shown in Figure 5.17(a), the changes in D|| and D⊥ showed 

the affine deformation in the SAXS region as well. The μ dependence of the SAXS peak 

intensities (Figure 5.17(b)) did not show the four-point pattern while it had a maximum 

at μ = 90°. Hence, the lamellar fragmentation did not occur in this region. The peak at μ 

= 90° in Figure 5.17(b) probably reflects the increase in the volume of the lamellar 

structure associated with the change in D|| (Figure 5.17(a)). The μ dependences of the 

diffraction peak intensities from the (110)ortho and (200)ortho planes in Figures 5.17(c) and 

(d), respectively, show the orientation of the lattice structure did not change much with 

the strain. The slight decrease in the intensities at μ = 90° indicates that mechanical 

melting hardly occurred in this region. 

Region II (B935) 

 In Region II (1.07 (1YP) < λ < 1.15 (2YP)), The little change in the SAXS 

patterns with strain was observed in Figures 5.15(k) and (l). The profiles in Figures 5.16 

(b) and (f) did not show the change clearly. The peak position did not shift with strain 

(Figure 5.17(a)) and the deformation of the lamellar structure did not follow the affine 

deformation. Contrary to the case of H920 and B920 with lower crystallinity, the deforma- 
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Figure 5.17 (a) λ dependence of D//(λ)/D//(1) and D⊥(λ)/D⊥(1) of B935. The solid and 

dashed lines are the lines calculated by Eqs. (5.6) and (5.7) obeying affine 

deformation. μ dependence of (b) the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 

1) of SAXS, (c) I110,ortho(μ, λ)/I110,ortho(μ, 1), and (d) I200,ortho(μ, λ)/I200,ortho(μ, 1) in WAXS 

patterns in Region I in B935. 
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tion was much suppressed. Figure 5.18(a) showed that lamellar fragmentation started and 

slowly proceeded in this region. The diffraction peak intensities from the (110)ortho and 

(200)ortho planes in Figures 5.18(b) and (c) did not change much with the strain. On the 

other hand, the increase in the intensity in the USAXS pattern was observed in Figures 

5.15(c) and (d). The patterns were elongated to the direction perpendicular to the 

stretching direction. The orientation of the scattering pattern was different from those 

observed in H935 and B920, which contributed to suppressing the enhancement. As 

described above, the strength of enhancement depends on the amplitude of the initial 

inhomogeneity of the density fluctuations. I think that the voids in B935 appeared at the 

defects in the sample and elongated with strain.      

Region III (B935)  

 In Region Ⅲ or 2YP or at 1.15 < λ < 1.40, the voids were strongly elongated to 

the stretching direction and a chevron-type morphology was developed. In the USAXS 

patterns (Figures 5.15(d)–(f)), the elongated patterns became the streak patterns. The 

intensity increased drastically, indicating that the elongated voids were formed in this 

region. On the scale of the lamellar structures (Figures 5.15(m) and (n)), the diagonal 

characteristic patterns were observed referred to as four-point patterns, attributing to the 

lamellar fragmentation and rotation. Figures 5.19(a) makes it clear the formation of the 

four-point pattern. The diagonal orientation of the (110)ortho and (010)mono peaks in the 

WAXS patterns (Figures 5.15(t) and (u) and Figures 5.19(b) and (d)) supports the 

chevron-type morphology and the increase in the (200)ortho peak oriented to the 

perpendicular direction reflects the realignment of the melted chains (Figures 5.19(c)). 

Region IV (B935)  

 In Region IV or 1.40 < λ, the void grew with strain on the submicron scale and  
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Figure 5.18 μ dependence of (a) the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 1) 

of SAXS patterns, (b) I110,ortho(μ, λ)/I110,ortho(μ, 1), and (c) I200,ortho(μ, λ)/I200,ortho(μ, 1) in 

WAXS patterns in Region II in B935. 
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Figure 5.19 μ dependence of (a) the reduced peak intensity Im,SAXS(μ, λ)/Im,SAXS (μ, 1) 

of SAXS patterns, (b) I110,ortho(μ, λ)/I110,ortho(μ, 1), (c) I200,ortho(μ, λ)/I200,ortho(μ, 1), and 

(d) I010,mono(μ, λ)/ I010,mono(μ, 1) in WAXS patterns in Region Ⅲ in B935. 
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the chevron-type morphology transformed into a fibrillar structure. The streak patterns in 

the USAXS (Figures 5.15(f)–(h)) increased with strain, reflecting the growth of the voids. 

In the SAXS patterns (Figures 5.15(n) and (o)), the gradual fading of the four-point 

pattern and the appearance of the broad peaks were observed at approximately q = 0.4 

nm-1 in the parallel direction, indicating the formation of the fibrillar structure. As shown 

in the WAXS patterns (Figures 5.15(u)–(w)) and μ dependences of the diffraction peaks 

(Figures 5.20(a) and (c)), the (110)ortho and (010)mono peaks corresponding to the four-

point pattern decreased while the peak intensity at μ = 180° increased with strain. The μ 

dependence of the (200)ortho peak (Figure 5.20(b)) also shows that the intensity at μ = 180° 

increased with strain. These changes also support the formation of a fibrillar structure.  
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Figure 5.20 μ dependence of (a) I110,ortho(μ, λ)/I110,ortho(μ, 1), (b) I200,ortho(μ, λ)/I200,ortho(μ, 

1), and (c) I010,mono(μ, λ)/I010,mono(μ, 1) in WAXS patterns in Region IV in B935. 
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5.3.6  Effects of the comonomer characteristics on strain-induced density 

fluctuations in LLDPE 

  In this section, I focus on the change in USAXS patterns and clarify how the 

comonomer characteristic affects the SIDF behaviors. The USAXS patterns and profiles 

parallel and perpendicular to the stretching direction of H920, B920, and B935 with strain 

are shown in Figures 5.21 and 5.22.  

 First, I briefly describe the structural changes observed in H935 by USAXS as 

described in Chapter 4. H935 exhibited the abnormal butterfly pattern that characterizes 

the SIDF after the 1YP as shown in Figure 5.21(g). The appearance of the abnormal 

butterfly pattern originates from the inhomogeneous deformation as observed in other 

systems.2-7,19-21 In the case of polyethylene, this pattern reflects the difference in the 

amount of deformation between the HCR and LCR on the scale of the lamellar branching 

structure. The butterfly pattern finally transformed into the streak pattern after 2YP as 

shown in Figure 5.21(h), indicating that the density fluctuations were transformed into 

the voids elongated to the parallel direction at 2YP.  

 In contrast to H935, H920 did not exhibit the butterfly pattern as shown in 

Figures 5.21(a)–(c). The profiles in Figures 5.22(a) and (b) also indicate that the changes 

in the submicron structure did not occur with strain. At large strain region, very weak 

streak scattering appeared as seen in Figure 5.21(d), suggesting that a much smaller 

number or size of voids were generated in H920 than in H935. 

 In the case of B920, the butterfly pattern appeared with strain in Figures 5.21(j) 

and (k). The I||(q) in Figure 5.22(e) also increased with strain. Finally, the streak pattern 

(Figure 5.21(l)) and the corresponding enhancement in the I⊥(q) (Figure 5.22(f)) were 

observed. These results support the emergence of the voids associating with the SIDF.  
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Figure 5.21 Representative USAXS 2D patterns of (a)–(d)H920, (e)–(h)H935, (i)–

(l)B920, and (m)–(p)B935 with strain, respectively. The qy-axis is parallel to the 

incident beam, that is, normal to these scattering patterns. SD in part(a) is short for the 

stretching direction.  
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 In the case of B935, the butterfly pattern did not appear, but an elliptical pattern 

with a major axis perpendicular to the stretching direction developed until the 2YP in 

Figures 5.21(m)–(o). After the 2YP, the strong streak scattering appeared along the 

direction perpendicular to the stretching direction (Figure 5.21(p)). These results suggest 

that the SIDF did not occur with strain. Instead, the initial density fluctuations on the 

submicron scale were elongated to the stretching direction and the elongated fluctuations 

became voids. 

To analyze the behaviors of the SIDF quantitatively, I calculated the changes in 

the invariant during stretching. I assumed the scattering intensity distribution is 

symmetrical along the qz-axis or the stretching axis under uniaxial stretching and 

calculated the invariant on the submicron scale during uniaxial stretching (QU,uni) from 

the USAXS patterns by using  

 

𝑄 , (𝜆) = −2𝜋 ∫ ∫ 𝑞𝐼(𝑞, 𝜇, 𝜆) cos 𝜇 d𝑞d𝜇
.

.
  (5.8) 

 

Figure 5.23 shows the changes in the QU,uni(λ) with strain. The drastic increase 

in QU,uni(λ) was found in H935 and B920 exhibiting the butterfly patterns while QU,uni(λ) 

became almost constant with strain at λ < 1.15 for H920. The QU,uni(λ) upturned in 

association with the butterfly patterns approximately from λ = 1.03 in B920 and from λ = 

1.06 in H935, respectively. The growth rates were indicated by broken lines in Figure 

5.23. The growth rate of H935 was larger than that in B920, suggesting the SIDF of H935 

was more distinct than that of B920. As for the case of B935, the increase in QU,uni(λ) was 

observed approximately from λ = 1.11. However, this increase was caused by the  
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Figure 5.23 Evolution of the SIDF characterized by the invariant during uniaxial 

stretching in (a)H935 and (b)B920, respectively. The broken lines are guides to the 
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formation of the voids and the origin of the increase was not the SIDF as described before. 

 As shown in Figure 5.23, the SIDF occurred in H935 and B920 while H920 and 

B935 did not show the SIDF behaviors. The SIDF in H935 was stronger than that in B920. 

As described previously, the driving force is proportional to the gradient of the stress 

fields and increases with the inhomogeneity or the invariant at the initial state. Thus, the 

absence of the SIDF in B935 is attributed to the homogeneous submicron structure at the 

initial state. However, we cannot explain the following facts: (i) H920 did not show the 

SIDF though the invariant at the initial state is large, (ii) the SIDF of H935 is stronger 

than that of B920 even though the invariant at the initial state is small. These facts indicate 

that the stress fields changed during stretching. The destruction of the crystalline 

structures associating with strain might induce the homogenization of the stress field and 

cause the suppression of the SIDF. The decrease in the crystallinity with strain, or 

mechanical melting was first proposed by Flory and Yoon.22 Since then, mechanical 

melting behavior has been discussed not only in polyethylene but also in other 

polymers.23-25 I investigated the behaviors of mechanical melting during stretching to 

clarify whether the homogenization occurs with the destruction.  

 

5.3.7  Mechanical Melting during Stretching 

 To quantitatively analyze the mechanical melting behavior, I calculated the 

changes in the crystallinity with strain from WAXS data. The crystallinity of LLDPE 

during uniaxial stretching (Wc,uni) is given by 

 

𝑊 , (𝜆) = , ( ) , ( )

, ( ) , ( ) ( )
  (5.9) 
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where Wc,110, and Wc,200 characterize the weight of the crystalline lattice structure 

estimated from (110)ortho and (200)ortho reflection, respectively, and Wa characterizes the 

weight of the amorphous region. To obtain these terms, I calculated sector averages at 

every 5˚ in the μ range from 90˚ to 180˚ from the WAXS patterns and fitted them to a 

linear combination of three Gaussian functions and a constant (background). The three 

Gaussian functions correspond to the amorphous halo, (110)otho reflection, and (200)ortho 

reflection, respectively. Similar to the calculation of QU,uni, assuming that the scattering 

intensity distribution is symmetrical along the qz-axis, the weight of the lattice structure 

estimated from (hkl) reflection (Wc,hkl) and Wa are defined as 

 

𝑊 , (𝜆) = −4𝜋 𝑞 (𝜆, 𝜇)𝐼 (𝜆, 𝜇)𝑤 (𝜆, 𝜇) cos 𝜇 d𝜇 (5.10) 

𝑊 (𝜆) = −4𝜋 𝑞 (𝜆, 𝜇)𝐼 (𝜆, 𝜇)𝑤 (𝜆, 𝜇) cos 𝜇 d𝜇 (5.11) 

 

where qhkl, Ihkl, and whkl are, respectively, the position, intensity, and width of the peak 

from (hkl) reflection on the profiles, and qa, Ia, and wa are the position, intensity, and width 

of the amorphous halo. 

Figure 5.24 shows the reduced crystallinity Wc,uni(λ)/Wc,uni(1) plotted as a 

function of strain. Wc,uni(λ)/Wc,uni(1) of H920 started decreasing after the onset of 

stretching, reflecting that mechanical melting started immediately by the application of 

strain. Mechanical melting reduced the fluctuations of the stress fields in the sample so 

that the SIDF did not occur in H920. On the other hand, the crystallinity of B935 became 
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constant with strain and the lamellar structures did not change with strain at λ < 1.1 as 

shown in Figure 5.17(a). These results indicate that the increase in USAXS intensity was 

caused by the formation of the void originating from the defect. 

In the case of H935 and B920, the crystallinity becomes almost constant in the 

early stage of the stretching process or λ < 1.05. The SIDF occurred because the relaxation 

of the stress field was not induced by mechanical melting. However, in the later stage or 

λ > 1.05, mechanical melting occurred in both H935 and B920. The decrease in the 

crystallinity of B920 is more pronounced than that of H935. Thus, the SIDF in H935 was 

stronger than that in B920. These melting behaviors depended on the species and contents 

of the comonomer. The bulky comonomer and the large comonomer content induce 

melting during stretching.  

 

Figure 5.24 λ dependence of W
c,uni

(λ)/W
c,uni

(1) of all samples. 
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5.4  Conclusion  

 To clarify the factors governing the SIDF in crystalline materials, I have 

investigated the changes in the submicron structures of LLDPE with different comonomer 

species and contents during uniaxial stretching by time-resolved USAXS as well as 

changes in the lamellar structures and lattice structures by time-resolved SAXS and 

WAXS.  

 The changes in the hierarchical structures in all samples were classified into the 

following three cases. (ⅰ) The case in which the sample had the homogeneous structure 

on the submicron scale before stretching (i.e. B935), (ⅱ) the case in which the sample had 

the inhomogeneous submicron structure at the initial state but the crystalline structure 

melted with strain at the early stage of stretching (i.e. H920), and (ⅲ) the case in which 

the sample had the inhomogeneous submicron structure at the initial state and mechanical 

melting started at the later stage of stretching (i.e. H935 and B920). In the cases of (ⅰ) and 

(ⅱ), the butterfly pattern, which characterizes the occurrence of the SIDF was not 

observed. In the case of (ⅲ), The sample exhibited the butterfly pattern and the intensity 

was governed by the degree of mechanical melting. The degree of mechanical melting 

depends on the species and contents of the comonomer. On the other hand, the 

inhomogeneity of the submicron structure at the initial state would depend not only on 

the comonomer characteristics but also on the crystallization condition. 
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Chapter 6 

Spatial Inhomogeneity of Chain Orientation 

Associated with the Strain-Induced Density 

Fluctuations in PE 

 

 

6.1  Introduction 

 Polyethylene (PE) is one of the most widely used polymer materials in daily life 

due to its excellent mechanical properties and formability. PE is a crystalline polymer and 

forms a hierarchical structure, as shown in Figure 1.1. Its hierarchical structure includes 

a crystalline lattice structure in which molecular chains are regularly folded, a lamellar 

structure in which the crystalline and amorphous phases are alternately stacked, a fibril 

structure formed by the growing lamellar structure, and a spherulitic structure formed by 

the filling of the fibril structure. Many studies have been carried out to clarify the 

correlation between the hierarchical structure and physical properties of PE.1-4 In Chapter 

45, I showed that the structure on the submicron scale has a significant effect on 

mechanical properties during uniaxial tensile testing by observing the submicron-scale 

structure with ultra-small-angle X-ray scattering (USAXS), of which the q-range is 0.008 

to 0.06 nm-1. Here, q is the magnitude of the scattering vector. I observed the appearance 

of a butterfly pattern in USAXS at the stress overshoot in the stress-strain curve during 

uniaxial tensile testing. The butterfly pattern reflects the development of density 

fluctuations induced by strain. The enhancement of the scattered intensity along the strain 
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direction indicates that a strong correlation in density fluctuations appears along the 

stretching direction. The characteristic length of the density fluctuations along the 

stretching direction is on the order of 100 nm. Induction by strain occurs in dynamically 

asymmetric systems where the spatial inhomogeneity of the stress field or spatial 

inhomogeneity of the modulus is associated with density fluctuations6-7. In the case of PE 

used here, the modulus or stress field varies with the density fluctuations associated with 

the spatial distribution of crystallinity. Doi and Onuki and Furukawa and Tanaka6,7 

theoretically proved that the gradient of the stress field induces the enhancement of the 

density fluctuations under deformation. The induction of density or concentration 

fluctuations has been reported in semi-dilute solutions of polymers under simple shear, 

gels under uniaxial elongational deformation, and metallic glasses.7-10 Further tensile 

testing causes the transformation of lower-density regions into voids during uniaxial 

tensile testing in PE. 

 The orientation of polymer chains is also affected by the strain as well as the 

density fluctuations. Small-angle X-ray scattering (SAXS) and wide-angle X-ray 

diffraction (WAXS) are useful to evaluate the orientation change of lamellar structures 

and crystal lattice structures, respectively. However, these methods provide only average 

information within the irradiated volume, which depends on the incident X-ray beam size 

(typically µm to mm) and sample thickness, so the orientation fluctuations on the 

submicron scale cannot be investigated. To observe the orientation of polymer chains, I 

employed scanning transmission X-ray microscopy (STXM). By using STXM, near-edge 

X-ray absorption fine structure (NEXAFS) spectra with a spatial resolution of 20–100 nm 

can be obtained.11-13 NEXAFS data of C–C and C–H bonds vary with the angles of C–C 

and C–H bonds and the polarized direction of X-rays. The difference between the 
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NEXAFS data observed with horizontally and vertically polarized X-rays or the 

anisotropy of the NEXAFS data is induced by the anisotropic distribution of C–C and C–

H bonds. Since the spatial resolution of STXM is typically 20–100 nm, the anisotropy of 

the NEXAFS data in the STXM experiment originates not only from the orientation of 

the fine structure or crystalline phase but also from the orientation of lamellar stacks. In 

the amorphous phase, the aligned chains affect the anisotropy of the NEXAFS data. All 

the abovementioned anisotropic factors accompany the anisotropy of the chain orientation. 

Thus, the anisotropy of the NEXAFS data of STXM reflects the chain orientation on the 

submicron scale. In this chapter, I observed the anisotropy of the chain orientation as well 

as density fluctuations on the submicron scale in stretched PE by using STXM and 

clarified how the anisotropy is developed by strain. 

 

6.2  Experimental Section 

6.2.1  Sample Preparation 

I used high-density polyethylene (HDPE) with a polystyrene-equivalent Mw of 

2.3×105 and Mw/Mn of 11.9, as determined by gel permeation chromatography (GPC). 

The molding conditions were as follows: Two presses (manufactured by Toyo Seiki) were 

used. One press was set at 180 °C, which is above the melting point of PE, and the PE 

was pressed for 10 minutes in a 2-mm-thick mold for melting and then transferred to the 

other press machine set at 25 °C for cooling. Although transfer took 5 sec, the temperature 

of the sample was kept above the crystallization temperature. A dumbbell specimen with 

a center width of 2 mm was punched from the resulting press sheet. The specimen was 

stretched at 15 mm/min up to an elongation ratio L/L0 = 1.09 at room temperature by 

using a homemade tensile testing machine and studied the specimen with X-ray scattering. 
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Here, L0 and L are the lengths of the sample before and after applying strain, respectively. 

For the STXM measurement, ultrathin sections with a thickness of approximately 100 nm 

were prepared from the specimen using a Leica EM UC7 microtome. The sample was cut 

in the stretching direction. 

 

6.2.2  USAXS, SAXS, and WAXS Measurements 

 USAXS measurements were carried out at BL03XU in SPring-8.14 The USAXS 

data were obtained using PILATUS 1M (DECTRIS) with 981 × 1043 pixels of 172 × 172 

µm (horizontal × vertical) pixel size. The camera length was 7.9 m. The exposure time 

was set to 900 msec. The wavelength of incident X-rays was 0.2 nm. The X-ray beam 

size at the sample position (horizontal × vertical) was 200 µm × 100 µm. X-rays were 

incident perpendicular to the stretching direction, and the two-dimensional (2D) 

scattering patterns were detected. The obtained 2D data were corrected for the absorption 

of the sample, subtracted air and background scattering. 

 Simultaneous SAXS/WAXS measurements were also performed at BL03XU. 

The incident X-ray wavelength was 0.08 nm. The camera length, exposure time and 

detectors were set to 2.4 m/120 mm, 670 msec/570 msec and PILATUS/SOPHIAS for 

SAXS/WAXS, respectively. The X-ray beam size at the sample position was the same as 

that in the USAXS measurement. X-rays were incident perpendicular to the sample, and 

scattered X-rays on the backside were detected. The WAXS detector was placed 

diagonally to avoid interfering with the SAXS detector14. The obtained 2D data were 

corrected in the same way as they were for USAXS. 
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6.2.3  STXM Observations 

 STXM measurements were performed at BL-19A at the Photon Factory of the 

High Energy Accelerator Research Organization (KEK-PF: Tsukuba, Japan). X-rays were 

incident perpendicular to the surface of the ultrathin section. The incident X-ray energy 

range used here was 280–320 eV, which is the near the absorption energy of the carbon 

K-edge (~284 eV). The exposure time was 2 msec. The polarization (electric field) 

direction of the X-rays parallel and perpendicular to the stretching direction was able to 

be set without rotating the samples. Thus, I was able to observe the same area of the 

sample under different polarizations. A 2D map of the following optical density (OD) or 

NEXAFS spectra can be obtained at a given X-ray energy with a 50 nm resolution:15 

 

OD = −ln(𝐼/𝐼 ) (6.1) 

 

where 𝐼  and 𝐼   denote the transmitted X-ray intensity and incident X-ray intensity, 

respectively.  

 

6.3  Results and Discussion 

6.3.1  X-ray Scattering 

 Figure 6.1 shows the USAXS/SAXS/WAXS patterns at L/L0 = 1.09. The patterns 

at L/L0 = 1.09 became anisotropic. Note that USAXS/SAXS/WAXS patterns before the 

application of strain were isotropic, and detailed analyses of the patterns are also shown 

in Chapter 4.5 In the USAXS pattern (Figure 6.1(a)), a butterfly pattern was observed, 

and the intensity was enhanced in the direction parallel to stretching. As mentioned in  
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Chapter 4,5 coupling between the stress field and density fluctuations induced the 

development of density fluctuations on the submicron scale. The SAXS pattern at L/L0 = 

1.09 shows strong scattering elongated in the direction perpendicular to the stretching 

direction (Figure 6.1(b)), suggesting that the structures on the order of 10 nm were 

elongated in the stretching direction. A clear peak that reflects the periodicity of the 

lamellar structures was not observed. The SAXS pattern at L/L0 = 1.09 suggests that 

stretching reduced the periodicity of the lamellar structures and that fragmentation of 

lamellar structures occurred. In the WAXS pattern (Figure 6.1(c)), the diffraction peak of 

the (110) plane of the orthorhombic crystal ((110)ortho peak) was split in the directions 

tilted approximately 30° from the meridian direction.5  

The split reflections indicate a chevron-type morphology from the fragmentation 

and rotation of the lamellar structure by coarse slip.5 In addition, the peak of the (010) 

plane of the monoclinic crystal ((010)mono peak), which was not observed before 

stretching, appeared in the same orientation as the split orthorhombic (110) peaks. 

Monoclinic transitions occur in orthorhombic (110) crystals due to cooperative shifting 

of molecular chains.16 The degrees of crystallinity were determined to be 72% and 58% 

Figure 6.1 (a) USAXS, (b) SAXS and (c) WAXS patterns of HDPE at L/L0=1.09. The 

arrow in part (a) corresponds to the stretching direction. 
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for L/L0 = 1.00 and 1.09, respectively, indicating that so-called mechanical melting occurs 

in association with stretching, as already discussed.5,17,18 Lamellar fragmentation and 

subsequent mechanical melting would cause a decrease in the periodicity of the lamellar 

structure observed by SAXS. Note that the crystallinity at L/L0 = 1.09 reflects the sum of 

the monoclinic and orthorhombic components.  

 

6.3.2  STXM Observations 

Figure 6.2 shows the NEXAFS spectrum (OD) of the entire field of view of the 

STXM image obtained for the stretched HDPE specimen. The characteristic peaks of the 

C–H bond (C 1s→σ*C–H) and C–C bond (C 1s→σ*C–C) were observed at 287.5±0.2 and 

292±1 eV, respectively, near the carbon K-edge, as indicated by the arrows in Figure 6.2, 

agreeing with the previous result.19-21 On the other hand, a plateau region was observed 

above 315 eV. It is well known that the plateau region far from the carbon K-edge is not 

affected by the orientation of chemical bonds but depends on the density of carbon and 

the sample thickness.19 Thus, considering that the sample thickness is constant in the 

observed region, the 2D map of OD (OD image) above 315 eV reflects the density 

fluctuations.  

First, I investigated the existence of density fluctuations in the specimen. Figure 

6.3 shows the OD image at 318±2 eV obtained with horizontally polarized X-rays. SD 

and PD in Figure 6.3 denote the stretching direction and the polarization direction of the 

incident X-rays, respectively. The image at 318±2 eV obtained with vertical polarization 

was almost identical to that shown in Figure 6.3. The peak at 318±2 eV in Figure 6.3 

shows spatial inhomogeneity, indicating that the density fluctuations were induced by 

strain. This result agrees with USAXS observation.  
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Next, I discuss the orientation fluctuations observed from the OD images at the 

peaks of C–C and C–H bonds. Wang et al. used STXM to reveal the orientation 

fluctuations of the fibril structure in linear low-density PE (LLDPE) spherulites.19 They 

observed an as-spun thin film of LLDPE, and the fibril structure after deformation has 

not yet been investigated. Figures 6.4 and 6.5 show the effects of the polarization of 

incident X-ray on the OD images at 287.5±0.2 eV (C 1s→σ*C–H) and 292±1 eV (C 

1s→σ*C–C), respectively. The figures show changes in the spatial distribution of OD with 

polarization for both incident X-ray energies, indicating the spatial inhomogeneity of the 

chain orientation in the samples.  

 

Figure 6.2 NEXAFS spectrum of HDPE at L/L0=1.09. The optical density (OD) was 

obtained by averaging the spectra in the observed STXM image. 
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Figures 6.4 and 6.5 depend not only on the density but also on the chain 

orientation, while Figure 6.3 depends only on the density. To quantitatively discuss the 

orientation fluctuation, I extracted the information of the chain orientation by calculating 

the following orientational order parameter of a pixel 〈𝑃 〉:22 

 

〈𝑃 〉 =
3〈cos 𝜃 〉 − 1

2
 (6.2) 

 

where θA denotes the angle between the transition dipole moment (TDM) 𝝁  of C–C 

bonds and the stretching direction. 〈cos 𝜃 〉 is the average of cos 𝜃  in a pixel. 〈𝑃 〉 

is expressed by 

Figure 6.3 OD image of HDPE at 318±2 eV. The polarization direction (PD) of the 

incident X-rays was set to be parallel to the stretching direction (SD). 
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Figure 6.4 OD images of HDPE at 287.5±0.2 eV corresponding to the peak of the C–

H bond. The polarization direction (PD) of the incident X-rays was set to be (a) parallel and 

(b) perpendicular to the stretching direction (MD). 

Figure 6.5 The OD image for HDPE at 292±1 eV corresponding to the peak of the C–

C bond. The polarization direction (PD) of the incident X-rays was set to be (a) parallel and 

(b) perpendicular to the stretching direction (SD). 
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〈𝑃 〉 =
𝐴|| − 𝐴

𝐴|| + 2𝐴
 (6.3) 

 

where 𝐴|| and 𝐴  are the absorbance A obtained at 292±1 eV under condition where 

the electric field vector E is parallel and perpendicular to the stretching direction, 

respectively. The absorbance A is the OD originating from TDM and is proportional to 

the inner product of E and 𝝁 : 

 

𝐴 ∝ |𝐄 ∙ 𝝁 | ∝ cos 𝛼  (6.4) 

 

where 𝛼  is the angle between E and 𝝁 . A is obtained by subtracting the background 

of the edge jump from the NEXAFS spectra.23 The value of 〈𝑃 〉 is 1 for perfect parallel 

alignment of the C–C bonds in the stretching direction, while the value is −0.5 for perfect 

perpendicular alignment. The 〈𝑃 〉 images were calculated from Figures 6.5(a) and (b) 

and are shown in Figure 6.6. Comparing Figure 6.6 with Figure 6.3, I concluded that the 

spatial inhomogeneity of the chain orientation is correlated with density fluctuations. The 

chain orientation in the low-density region is stronger than that in the high-density region. 

To investigate the density dependence of the chain orientation, I plotted OD as a 

function of energy in low-density and high-density regions in Figure 6.7. I defined high-

density and low-density regions as the regions at OD > OD + 1.5𝜎  and OD <

OD − 1.5𝜎, respectively. Here, OD , OD , and 𝜎 are the OD at 318±2 eV (Figure 6.3), 

the spatially averaged OD  and the standard deviation of OD . In the figure, || and ⊥ 

denote the condition where the polarization of X-rays is parallel and perpendicular to the 

stretching direction, respectively. Ohta et al.,20 and Stöhr et al.21 found a polarization 

dependence in the NEXAFS spectra of PE: the intensities of the C–C bond (C 1s→σ*C– 
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C) and C–H bond (C 1s→σ*C–H) reach their maximum and minimum values, respectively, 

when the polarization of X-rays is parallel to the orientation direction of PE. On the other 

hand, when the polarization of X-rays is perpendicular to the orientation direction of PE, 

the opposite results are obtained. 

In the case of the high-density region, as shown in Figure 6.7(a), the intensity of 

the C–C bond under the || condition is slightly higher than that under the ⊥ condition. In 

the high-density region, the anisotropy of OD is dominated by crystalline structures. As 

shown by WAXS, stretching induced chevron structures, where the c-axis tilted 

approximately 30° from the stretching direction. The asymmetric tilt induced the 

anisotropy of the OD. However, the intensity of the C–H bond under the || condition is  

Figure 6.6 〈𝑃 〉 image of HDPE at 292±1 eV. The arrow in the figures corresponds to 

the stretching direction. 
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Figure 6.7 NEXAFS spectra of the (a) high-density region and (b) low-density region. 

|| and ⊥  denote the condition where the polarization of X-rays is parallel and 

perpendicular, respectively, to the stretching direction. 
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slightly higher than that under the ⊥  condition. The direction of the C–H bond is 

perpendicular to the direction of the C–C bond, so the intensity of the C–H bond under 

the || condition should be lower than that under the ⊥ condition. This tendency originates 

from the fact that the mechanical melting of the lamellar structures occurred in association 

with stretching. In the melting state under stretching, the chain is oriented, but the 

direction of the C–H bond becomes random, reducing the intensity of the C–H bond under 

the ⊥ condition.  

In the case of the low-density region, the intensity of the C–C bond of the || 

condition is also higher than that of the ⊥ condition. A distinct peak appeared at 293 eV, 

reflecting the high chain orientation21 in the intensity of the C–C bond of the || condition, 

and the anisotropy in the low-density region was stronger than that in the high-density 

region, while the amount of the crystalline phase in the low-density region was smaller 

than that in the high-density region. This is because the strain induces a strong orientation 

in the crystalline phase. The c-axis may be aligned in the stretching direction. The peak 

at 293 eV shows that the PE chains are oriented parallel to the stretching direction. The 

stronger orientation in the low-density region suggests that inhomogeneous deformation 

occurs under stretching. A strong reduction was found in the intensity of the C–H bond 

under the ⊥  condition. This reduction results in mechanical melting. The amount of 

amorphous regions in the low-density region is larger than that in the high-density region, 

so a strong reduction was observed in the low-density region.  
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6.3.4  Conclusion 

 I used STXM as well as USAXS, SAXS, and WAXS to investigate the spatial 

inhomogeneity of the chain orientation in HDPE associated with the strain-induced 

density fluctuations on the submicron scale. At the strain where the butterfly pattern was 

observed in USAXS, I used STXM to obtain a real-space image of the strain-induced 

density fluctuations. STXM also showed that the chain orientation in the stretching 

direction in the low-density region is stronger than that in the high-density region. This 

originates from the stronger alignment of the crystalline phase in the low-density region. 

This result indicates that strain induces not only density fluctuations but also the spatial 

inhomogeneity of the chain orientation.  
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Summary 

 

 This thesis includes the studies on the role of stress field in the formation and 

destruction processes of the hierarchical structures in crystalline polyolefins. I summarize 

each chapter as follows. 

 In Chapter 1, I described the background, the motivation, and the outline of this 

thesis. 

 In Chapter 2, in order to elucidate the role of stress field in the crystallization 

process, I performed in-situ observations of P3MB1 during the isothermal crystallization 

using OM and X-ray scattering techniques. In addition, thermodynamic parameters such 

as Tm
0, ΔH, and σe of P3MB1 were first collected and compared with those of PE. As the 

degree of supercooling in P3MB1 decreased, the number of lamellar branches decreased, 

and eventually the morphology transition (spherulites → axialites → needle-like crystals) 

occurred. Because P3MB1 has much higher Tm than PE, the viscosity of the melt during 

crystallization of P3MB1 is much lower than that of PE. This is the leading factor that 

induced the morphology transition.  

 In Chapter 3, in order to reveal the spatial inhomogeneity of dynamics in the 

amorphous region after crystallization, I applied CV-SAS under solvent swelling to the 

EOC. Conventional CV-SANS with deuterium substitution has difficulty in separating 

the scattering functions of the crystalline and amorphous regions. Therefore, I showed 

that Et-toluene and Br-xylene have equivalent interactions (χ parameters) against the EOC, 

respectively, and performed CV-SAXS with the mixture of these solvents. I found the 

presence of the amorphous layers surrounding the crystallites, which are not swollen by 

the solvents, and the network structure of the crystallites via the non-swollen amorphous 
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layers. The volume fractions of the crystallites, the rigid amorphous regions, and the melt-

like region estimated from CV-SAXS agreed with those obtained from pulsed 1H-NMR. 

These results indicate that the rigid amorphous regions exist surrounding the crystallites. 

 In Chapter 4, I investigated how the stress field under deformation affects the 

changes in the hierarchical structures and mechanical properties of PE. I performed in-

situ USAXS, SAXS, and WAXS measurements on HDPE and LLDPE under tensile 

testing. In the case of the HDPE, the butterfly pattern was observed in USAXS, which 

characterizes dynamic coupling between density fluctuations and stress at the yield point 

on the S-S curve. The scattering intensity immediately increased, and voids were 

generated. In the case of the LLDPE, the butterfly pattern was observed at the first yield 

point. The enhancement of the scattering intensity was smaller than that of HDPE, and 

the second yield point appeared with voids. In other words, the strain-induced density 

fluctuations (SIDF) on the submicron scale dominate the mechanical properties of PE.  

 In Chapter 5, in order to clarify the factors governing the SIDF in PE, I observed 

the changes in the hierarchical structures of various LLDPE with different comonomer 

characteristics by USAXS, SAXS, and WAXS under tensile testing. I found that the SIDF 

are suppressed when the density fluctuations on the submicron scale before stretching are 

small or when the decrease in the crystallinity during stretching is large.  

 In Chapter 6, in order to clarify the local inhomogeneity of chain orientation 

associated with the SIDF of PE, I performed STXM observations on the stretched PE 

samples. I was able to visualize the density fluctuations and the spatial inhomogeneity of 

the orientation on the submicron scale by varying the incident X-ray energy, respectively. 

In the high-crystallinity region, no significant change was observed in the orientation, 

while in the low-crystallinity region, the chains oriented in the direction parallel to the 
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stretching direction were observed. In addition, the decrease in the optical density due to 

mechanical melting was observed. 
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