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A B S T R A C T

This study clarified the grain size dependence of the deformation microstructure evolution and work-hardening 
behavior in CoCrNi medium entropy alloy. We fabricated fully recrystallized specimens with coarse-grained (CG) 
and ultrafine-grained (UFG) specimens by severe plastic deformation and subsequent annealing processes. 
Tensile deformation was applied to the specimens at room temperature. The UFG specimen exhibited both high 
strength and high ductility compared to conventional UFG metals due to the high work-hardening ability. In the 
CG specimen, three distinct types of deformation microstructures consisting of dislocations and deformation 
twins developed depending on grain orientations, similar to the single-crystalline specimens. In the UFG spec-
imen, widely-extended stacking faults and randomly-tangled dislocations were found to coexist in most grains. 
Deformation twins were found to nucleate without evidence of dislocation reactions regardless of grain orien-
tations, implying abnormal nucleation mechanisms of deformation twins in the UFG specimen. Dislocation 
densities quantified by in-situ synchrotron XRD measurements during tensile deformation were higher in the 
UFG specimen than those in the CG specimen and conventional UFG metals. Our analysis showed that the work- 
hardening behavior of the specimens was primarily controlled by increases in dislocation density as well as the 
introduction of planar defects during deformation. Through comparisons with the CG specimen and conventional 
UFG metals, we concluded that the excellent work-hardening ability of the UFG specimen was mainly due to the 
evolution of unique deformation microstructures and rapid increase in dislocation density, which could be due to 
inhibited dynamic recovery in the MEA.

1. Introduction

Structural metallic materials are indispensable for ensuring the 
safety and stability of our daily life and supporting social infrastructure, 
such as vehicles and buildings. These materials are often required to 
possess both high strength and also high ductility. However, there is 
typically a trade-off relationship between the strength and ductility of 
materials, making it challenging to achieve both simultaneously. For 
instance, ultra-fine grain (UFG) metals or nanostructured metals [1–3]
with a mean grain size of less than 1 μm, fabricated by severe plastic 
deformation (SPD) [4–6] (and subsequent short-term annealing), have 
been reported to exhibit significantly high strength due to grain 
refinement strengthening. Tsuji et al. [7] reported that the yield strength 
of 1100 commercial purity aluminum and interstitial-free steel 

increased about four times after accumulative roll bonding process, an 
SPD process, due to grain refinement. Nevertheless, their ductility is 
typically limited to only a few percent. This limitation can be understood 
by Considère’s criterion [8] for plastic instability, which is expressed as: 

dσ
dε < σ, (1) 

where σ and ε are the true stress and true strain of materials deformed by 
uniaxial tension. When the work-hardening rate, dσ

dε, becomes smaller 
than the flow stress, macroscopic necking occurs in the gauge part of 
tensile specimens, followed by fracture. Since the strength of UFG metals 
is very high, plastic instability tends to occur at an early stage of 
deformation, resulting in limited ductility. Therefore, a high work- 
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hardening rate is necessary to delay necking and enhance the ductility of 
UFG metals with high strength.

Interestingly, some face-centered cubic (FCC) alloys with fully 
recrystallized UFG microstructure have been reported to exhibit 
distinctive mechanical properties, achieving high strength and high 
ductility simultaneously [9–15]. For example, Saha et al. [9] reported 
that a high Mn steel with fully recrystallized ultrafine grain micro-
structures exhibited high yield strength and high ductility. Also, in our 
previous study [11], we successfully fabricated equiatomic CoCrNi 
medium entropy alloy (MEA) with fully recrystallized microstructure 
and a wide range of average grain sizes (102-10− 1 μm) through 
high-pressure torsion (HPT) [16], one of the SPD processes, and subse-
quent annealing. We found that the strength of the MEA substantially 
increased as the grain size decreased to the UFG regime, while the 
ductility was still maintained due to its high work-hardening ability. 
Similar mechanical behaviors have also been reported in UFG materials 
with different crystal structures [17,18]. We suppose that this unique 
work-hardening behavior might be due to the activation of unusual 
deformation mechanisms or the evolution of abnormal deformation 
microstructures. However, due to the lack of systematic investigation of 
deformation microstructures, the exact reason responsible for the 
exceptional mechanical properties of the CoCrNi MEA with UFG 
microstructure has remained elusive.

Therefore, in order to clarify the characteristics of deformation mi-
crostructures and the microstructural origin of the high work-hardening 
ability in equiatomic CoCrNi MEA with fully recrystallized UFG micro-
structure, we systematically investigated the grain size dependence on 
the evolution of deformation microstructures in CoCrNi MEA and the 
influence on the macroscopic work-hardening behavior. Through sys-
tematic and detailed comparison between coarse-grained (CG) and UFG 
specimens of the CoCrNi MEA as well as conventional UFG metals, we 
will discuss the essential characteristics of deformation microstructures 
and work-hardening in UFG metals and alloys.

2. Materials and methods

2.1. Materials fabrication and processing

Button-shaped ingots with a thickness of approximately 10 mm and a 
diameter of approximately 25 mm were synthesized by vacuum arc 
melting of high-purity cobalt, chromium, and nickel (purity greater than 
99.9 wt%) under an argon atmosphere. The ingots were remelted five 
times to achieve a uniform distribution of elements. The ingots were 
then cold rolled to a thickness of 3.6 mm, a reduction of approximately 
64 %. These cold-rolled specimens were then homogenized in a vacuum 
furnace at a temperature of 1100 ◦C for 18 h, followed by rapid 
quenching in water. A second cycle of cold rolling further reduced the 
specimen thickness to 1.0 mm (equivalent to a 72 % reduction), after 
which the specimens were annealed at 1100 ◦C for 24 h followed by 
water quenching.

Disk specimens with a diameter of 10 mm and a thickness of 0.8 mm, 
cut from the materials after the processes above, were subjected to high- 
pressure torsion (HPT) for five rotations, corresponding to a maximum 
shear strain of 196, at a compressive stress of 6 GPa and a rotational 
speed of 0.2 revolutions per minute at room temperature. After HPT, the 
materials were annealed at 1100 ◦C for 1.8 ks and at 850 ◦C for 120 s 
followed by water quenching to obtain CG and UFG specimens, 
respectively, with fully recrystallized microstructures.

2.2. Mechanical testing

Tensile tests were performed at room temperature with an initial 
strain rate of 8.3 × 10− 4 s− 1 using a precision universal mechanical 
testing machine. Tensile specimens, with the gauge dimensions of 
2.0 mm in length, 1.0 mm in width, and 0.5 mm in thickness, were cut 
from the HPT disks by wire electrical discharge machining. To facilitate 

strain distribution analysis, the specimen surfaces were painted with a 
stochastic pattern of black and white ink. The displacement of these 
patterns during tensile deformation was monitored by a charge-coupled 
device (CCD) camera, capturing images at a rate of 5.0 frames per sec-
ond. The strain distribution in the gage part of the specimen was 
quantified using the digital image correlation (DIC) technique [19]. This 
method with small-sized tensile specimens has been validated to provide 
stress-strain curves comparable to those derived from standard-sized 
specimens [11,20,21].

2.3. Microstructure characterization

Microstructural characterization, both before and after tensile 
deformation, was performed using scanning electron microscopy (SEM) 
and (scanning) transmission electron microscopy ((S)TEM). It should be 
noted that, in our study, we prepared different specimens tensile- 
deformed to different strains, and the part near half the specimen 
thickness was used for microscopy observations. This is because defor-
mation microstructures near the surface of specimens may be different 
from the inner part due to different constraint conditions. In each 
deformation condition, more than 20 grains in two SEM specimens and 
two TEM specimens were observed to ensure the statistical reliability of 
the results.

Prior to SEM analysis, the surface of the tensile specimens (corre-
sponding to the HPT disk surface) was mechanically polished, followed 
by electropolishing in an electrolyte of 10 vol% perchloric acid and 
90 vol% ethanol at a voltage of 30 V for 15 s at room temperature to 
achieve a mirror-like surface. SEM observations were performed using a 
JSM-7100F/7800 F (JEOL Ltd.) equipped with a backscattered electron 
detector and electron backscattering diffraction detector. Electron 
channeling contrast imaging (ECCI) was used to delineate the distribu-
tion of lattice defects at an acceleration voltage of 25 kV, a probe current 
of 1 nA, and a working distance of 3.0 mm. The crystal orientation of the 
grains observed by SEM-ECCI was evaluated by SEM-EBSD at an accel-
eration voltage of 15 kV, a probe current of 1 nA, and a working distance 
of 15.0 mm.

For TEM analysis, the surface specimens (the same section used for 
the SEM observations) were first mechanically thinned to a thickness of 
100 µm and then further polished by twin-jet electropolishing using 
Tenupol-5 (Struers Ltd.) in an electrolyte composed of 10 vol% 
perchloric acid, 20 vol% glycerin, and 70 vol% methanol at 15 V and 
243 K. (S)TEM observations were performed with a JEM-2100F (JEOL 
Ltd.) equipped with bright field and annular dark field detectors for 
STEM, operated at an acceleration voltage of 200 kV. Lattice defects in 
the deformed specimens were visualized by diffraction contrast in both 
TEM and STEM, and by phase contrast in TEM. The grain orientations of 
the observed areas were deduced from the convergent beam electron 
diffraction (CBED) patterns (Kikuchi patterns).

2.4. In-situ X-ray diffraction (XRD) measurements during tensile 
deformation

Time-resolved in-situ synchrotron XRD measurements during tensile 
deformation were performed at a synchrotron facility, the beamline No. 
46XU of Super Photon ring – 8 GeV (SPring-8) with an undulator X-ray 
source. Tensile specimens with the same dimensions as used in 2.2 were 
mounted to a homemade tensile test machine placed on a computer- 
controlled four-axis gonio meter, and tensile deformation was applied 
with a quasi-static strain rate of 8.3 × 10− 4 s− 1 at room temperature. 
Monochromated incident X-ray beam with the energy of 30 keV 
(wavelength: λ = 0.0413 nm) was irradiated at the center of the gauge 
part of the tensile specimens. Transmitted diffraction signals of X-ray 
were collected by one-dimensional high-resolution X-ray detectors 
where six MYTHEN detectors (DECTRIS AG) were serially connected. 
The detection system was calibrated by using a well-annealed CeO2 
standard sample. The diffraction profiles were continuously collected 
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with the acquisition rate of 1.0 frame (profile) per second.
The diffraction profiles were analyzed by the convolutional multiple 

whole profile (CMWP) fitting method to obtain dislocation densities and 
planar fault probabilities (an indicator showing the abundance of 
intrinsic stacking faults) of the specimens during tensile deformation. In 
the analysis, diffraction peaks of {h k l} = {1 1 1, 2 0 0, 2 2 0, 3 1 1, 2 2 2} 
were used. The experimental diffraction profiles were fitted by theo-
retical models considering the effects of crystallite size, its statistical 
distribution, dislocation density, character of dislocations, and stacking 
faults. For the details of the theory, readers can refer to Ref. [22]. It 
should be noted that, due to the small diffraction angle (2θ), the 
diffraction signals are considered to be coming from grains with the 
tensile axis nearly parallel to <h k l>.

3. Results

3.1. Initial microstructure of the CG and UFG specimens

Fig. 1 (a) and (b) show the microstructures of the CG and UFG 
specimens before tensile deformation, fabricated by HPT and subse-
quent annealing. In both specimens, fully recrystallized equiaxed mi-
crostructures with many annealing twins were obtained. The numerous 
annealing twins are possibly attributed to the low stacking fault energy 
(SFE) of this MEA, reported as 15 ~ 25 mJm− 2 [23,24]. The average 
grain sizes (including annealing twin boundaries) of the CG and UFG 
specimens determined by the line intercept method were 9.3 ± 1.91 μm 
and 0.40 ± 0.090 μm, respectively.

3.2. Mechanical properties of the CG and UFG specimens

Fig. 2 (a) displays the nominal stress - nominal strain curves for the 

CG and UFG specimens obtained from tensile tests conducted at room 
temperature. In the figure, the data of a pure Cu with a fully recrystal-
lized UFG microstructure (grain size of d = 0.51 μm), extracted from 
literature [25] is also plotted together as a reference. The CG specimen 
exhibited a yield strength of 240 MPa, an ultimate tensile strength of 
710 MPa, a uniform elongation of 43 %, and a total elongation of 58 %. 
In contrast, the UFG specimen showed a yield strength of 760 MPa, an 
ultimate tensile strength of 950 MPa, a uniform elongation of 17 %, and 
a total elongation of 33 %. Although the Young’s modulus is 1.73 times 
higher in the MEA (226 GPa) than pure Cu (130 GPa) [11], the UFG 
specimen of the MEA exhibited 2.3 times higher yield strength and 2.8 
times higher ultimate tensile strength while their ductility is comparable 
(i.e., superior strength-ductility balance in the UFG specimen of the 
MEA). We also note that the yield strength of the UFG specimen 
(760 MPa) was about 140 MPa higher than the value estimated by the 
Hall-Petch relationship for coarse grain size regions reported in our 
previous studies [11,26]. This is presumably because the so-called 
extra-hardening effect, which is commonly observed in fully recrystal-
lized UFG materials [11,12,20,27,28], owing to the lack of mobile dis-
locations in each grain and generation of lattice defects from grain 
boundaries (as discussed later). Fig. 2(b) shows the true stress-true 
strain curves and work-hardening rate-true strain curves for the CG 
and UFG specimens. Both specimens exhibited a monotonic decrease in 

Fig. 1. Microstructures of the (a) CG and (b) UFG specimens before tensile 
deformation. The average grain sizes (including annealing twin boundaries) of 
the specimens are indicated in the figure.

Fig. 2. (a) Nominal stress – nominal strain curves and (b) true stress – true 
strain and work-hardening rate – true strain curves of the CG and UFG speci-
mens obtained by tensile tests at room temperature. The data of pure Cu with a 
fully recrystallized UFG microstructure (grain size of d = 0.51 μm) extracted 
from literature [25] is also plotted as a reference. The portions of the curves 
after necking are not show in (b).
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work-hardening rate with increasing strain. For the CG specimen, the 
slope of the work-hardening rate curve gradually decreased after a true 
strain of approximately 0.05. The plastic instability condition (Eq. (1)) 
was fulfilled immediately prior to fracture. On the other hand, the UFG 
specimen exhibited a pronounced decrease in the slope of the 
work-hardening rate at a true strain of approximately 0.03, followed by 
significant post-uniform elongation upon satisfying the plastic insta-
bility condition (Eq. (1)). However, the work-hardening rate of the UFG 
specimen was much higher than the curve of the pure Cu and other 
conventional UFG metals, in which work-hardening capacity is rapidly 
consumed, reported in literature, leading to better strength-ductility 
balance of the UFG specimen of the MEA.

3.3. Deformation microstructure evolution in the CG and UFG specimens

To better comprehend the deformation behavior of the CG and UFG 
specimens, we observed the deformation microstructure of the speci-
mens, that were tensile-deformed to different strains, by using SEM- 
ECCI and (S)TEM.

3.3.1. Deformation microstructures of the CG specimen
Fig. 3 summarizes the deformation microstructures observed in the 

CG specimen. There are three distinct types of microstructures: Type A 
(Fig. 3 (a-c)), Type B (Fig. 3 (d-f)), and Type B + T (Fig. 3 (g, h)). Type A 
microstructures exhibit an initial formation of randomly tangled dislo-
cations after yielding (Fig. 3 (a)). With increasing strains (e ~ 5 % (Fig. 3
(b)) and 15 % (Fig. 3 (c))), these dislocations progressively coalesce into 
dislocation cells (DCs) with the sizes of smaller than 100 nm. Type B 
microstructures demonstrate a clear piling-up of dislocations along 
specific {1 1 1} planes near grain boundaries at the onset of yielding 
(Fig. 3 (d)). This is then followed by a significant increase in dislocation 

density within these specific {1 1 1} planes, ultimately resulting in the 
formation of planar dislocation structures (PDSs) (Fig. 3 (e, f)). Type B +
T grains exhibit type B microstructure together with exceptionally fine 
deformation twins after an applied strain of 5 % (Fig. 3 (g, h)), with 
their thicknesses (intervals) of several tens of nanometers. It should be 
noted that we differentiate these deformation twins from annealing 
twins, which are typically one to two orders of magnitude thicker. We 
also noticed that the number of the variants of the deformation twins in 
the CG specimen is two in most of type B + T grains. Fig. 6 (a) presents 
the tensile axis orientation of grains exhibiting these different micro-
structural types at an applied strain of 5 %. Type A microstructures 
predominantly form in grains aligned near <1 0 0>, whereas Type B 
microstructures emerge in grains of other orientations. Furthermore, 
Type B + T microstructures are prevalently observed in grains oriented 
near <1 1 1>.

3.3.2. Deformation microstructures of the UFG specimen
In the UFG specimen, deformation microstructures distinct from the 

case of the CG specimen were observed, as summarized in Fig. 4. Upon 
yielding (e ~ 0.9 %), only grains with randomly tangled dislocations and 
widely extended stacking faults coexisting, categorized as type C 
microstructure, could be found (Fig. 4 (a)). After a nominal strain of e ~ 
5 %, the density of both dislocations and widely-extended stacking 
faults increased (Fig. 4 (b, c)). In addition, in some grains (categorized 
as type C + T), a straight lamellae morphology was observed (Fig. 4 (d)). 
To clarify the details, these lamellae parts were magnified, and the phase 
contrast (lattice image) was obtained using TEM. Fig. 5 (a) and (b) show 
the lattice image of the lamellae morphology and the corresponding fast 
Fourier transformed (FFT) image, respectively. These images reveal that 
the lamellae morphology corresponds to very thin deformation twins 
with thicknesses of less than 10 nm, approximately. Fig. 6 (b) displays 

Fig. 3. Deformation microstructures of the CG specimen with three types (Type A, B, B + T) at strains of e ~ (a, d) 0.8, (b, e, g) 5.0, (c, f, h) 15 %. Tensile directions 
and traces of {1 1 1} planes of an FCC structure are indicated by arrows and solid lines, respectively, in the figures. Type B + T microstructure at a strain of e ~ 0.8 % 
was not observed.
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the tensile axis orientation of grains with type C and C + T at an applied 
strain of e ~ 5 %. Compared to the case of the CG specimen (Fig. 6 (a)), 
no obvious orientation dependence of deformation microstructure evo-
lution was found. At a nominal strain of e ~ 15 %, the density of dis-
locations, stacking faults, and deformation twins further increased 
(Fig. 4 (e)). It is worth noting that many of the deformation twins 
observed in the UFG specimen were aligned nearly parallel to the tensile 
direction. This suggests that the Schmid factor on the twinning plane 
was very small compared to those in the CG specimen, which were 
mainly located along the planes inclined at 45◦ to the tensile axis. Also, 
only one variant of deformation twins was observed, and the deforma-
tion twins are localized (bundled) at some parts of grains in the UFG 
specimen. The implications of this finding will be discussed later.

3.3.3. Dislocation density and planar fault probability in the CG and UFG 
specimens

The representative diffraction profiles of the CG and UFG specimens 
obtained by in-situ XRD measurements during tensile deformation are 
presented in Fig. 7 (a) and (b), respectively. It can be easily found that 
with increasing strains, all the peaks broadened due to the increase in 
the density of lattice defects. Besides, the peak shape of {1 1 1} and {2 
0 0} became asymmetric (tale of {1 1 1} and {2 0 0} peaks expanded 
toward higher and lower angle side, respectively). This is attributed to 
the increase in intrinsic stacking faults on {1 1 1} planes of FCC struc-
tures [29,30]. By fitting the peaks with physical models, it is possible to 
quantify the dislocation densities and planar faults probabilities of 
crystalline specimens based on the change in the peak shape. In Fig. 8 (a) 
and (b), dislocation densities and planar faults probabilities of the 
specimens evaluated by the CMWP method on the diffraction profiles in 

Fig. 4. Deformation microstructures of the UFG specimen with two types (Type C and C + T) at strains of e ~ (a) 0.9, (b, d) 5.0, and (c, e) 15 %. Tensile directions 
and traces of {1 1 1} planes of an FCC structure are indicated by arrows and solid lines, respectively, in the figures. For the STEM-ADF (b), BF (c, e), and TEM dark- 
field (DF) (d) images, g-vectors used for the diffraction contrast imaging are also indicated. Type C + T microstructure at a strain of e ~ 0.9 % was not observed.

Fig. 5. (a) Lattice image (phase contrast image) of the parts indicated in Fig. 4 (d) by a yellow square with the zone axis parallel to [1 1 0]. (b) Fast Fourier 
transformed image of (a). Reciprocal spots corresponding to matrix (M) and twins (T) of an FCC structure is also indicated in the figure.
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Fig. 7 are given. It was revealed that, compared to the CG specimen, both 
dislocation densities and planar fault probabilities of the UFG specimen 
increased more rapidly during tensile deformation. Particularly, the 
increasing rate of dislocation density of the UFG specimen at the initial 
stage of deformation was much higher than that in the CG specimen, 
similar to the previous reports on a high Mn steel [12]. Immediately 
before necking started, the dislocation densities of the CG and UFG 
specimens reached 8.75 × 1014 m− 2 (at a nominal strain of e ~ 0.42) and 
8.53 × 1014 m− 2 (at a nominal strain of e ~ 0.17), respectively. The 
planar fault probabilities (abundance of intrinsic stacking faults) of the 
CG specimen started increasing at a nominal strain of e ~ 0.12, while 
those of the UFG specimen started increasing rapidly at a nominal strain 
of e ~ 0.04, where the inflection of work-hardening rate was observed in 
Fig. 2 (b).

4. Discussion

4.1. Deformation mechanisms of the CG specimen

In the CG specimen, DCs mainly appeared in grains that were ori-
ented closely parallel to <1 0 0>, classified as Type A. On the other 
hand, PDSs or Type B were more frequently observed in grains of other 
orientations. Furthermore, deformation twins were primarily seen in 
grains oriented approximately parallel to <1 1 1>, referred to as Type B 
+ T. This deformation microstructure evolution is similar to what has 
been observed in other polycrystalline FCC alloys with low SFE [31–33], 
as well as in the single crystal specimens with similar crystallographic 
orientations [24,34]. In grains with TA ~// <1 0 0>, the presence of 

eight slip systems that have comparable Schmid factors enables the 
activation of these slip systems, leading to easy cross-slip for screw 
dislocations and the subsequent formation of DCs [33,35,36]. 
Conversely, the primary slip system, along with a few other systems with 
relatively higher Schmid factors, becomes active in grains of other ori-
entations. In these orientations, due to the characteristics of high-alloy 
systems like HEAs and MEAs, the cross-slip of screw dislocations and 
dynamic recovery (annihilation of dislocations through cross slip during 
deformation) is more suppressed, not solely because of low SFE, 
compared to conventional low SFE FCC metals and alloys. Since the 
yield strength of high-alloy systems is significantly high owing to 
massive solution strengthening, the high flow stress mechanically ex-
pands the stacking faults on the primary plane due to the difference in 
shear stress acting on the Shockley partials [33,37]. Additionally, in all 
the grain orientations, the chemical interactions between alloying ele-
ments, often referred to as solute-solute or element-element interactions 
[38,39] and characteristic shape of stacking faults [40], further increase 
the activation energy required for cross-slip in any orientation. Conse-
quently, the dislocation density in HEAs/MEAs with FCC structures in-
creases more rapidly compared to conventional FCC metals and alloys 
[33]. The nucleation of deformation twins is more likely to occur in 
grains oriented closely parallel to <1 1 1>, as the suppression of 
cross-slip of screw dislocations on the primary plane is most pronounced 
in this orientation in general. Also, the mechanisms mentioned above 
can further assist the suppression of cross-slip in high-alloy FCC mate-
rials. This can facilitate dislocation reactions that lead to the formation 
of twin nuclei, in line with the Miura-Narita-Takamura model [41], for 
instance. Overall, the deformation microstructures in the CG specimen 
followed the general tendency of FCC high-alloy systems with low SFE.

4.2. Deformation mechanisms of the UFG specimen

In contrast, the deformation microstructures in the UFG specimen 
primarily consist of tangled dislocations and widely-extended stacking 
faults, regardless of grain orientations. This can be due to the con-
straining effects exerted by grain boundaries. Previous studies [42] have 
categorized deformation microstructures in tensile-deformed pure Al 
with coarse grain sizes into three distinct types based on the TA of 
grains: (Type I) extended and straight dislocation boundaries along {1 1 
1} planes; (Type II) oriented dislocation cell boundaries defining a 
three-dimensional cell structure; (Type III) a structure similar to (I) but 
the extended boundaries deviate from {1 1 1} planes. Further in-
vestigations [43] into the deformation microstructures of 
tensile-deformed Al with different mean grain sizes revealed a gradual 
blending of Types I and III with decreasing grain size. The study revealed 
that materials with a mean grain size of less than several micrometers 
uniformly exhibited DCs and tangled dislocations, independent of grain 
orientation. This indicates that near grain boundaries in polycrystals, 
the stress state is no longer uniaxial but complex due to the constraint by 
grain boundaries. As a result, the number of activated slip systems and 
density of dislocations near grain boundaries locally increases to 
maintain deformation compatibility with adjacent grains across grain 
boundaries. Since the density of grain boundaries is much higher in UFG 
materials compared to CG counterparts, dislocation density in UFG 
materials can increase more rapidly [12], and dislocations have more 
opportunities to interact with others from different slip systems and with 
grain boundaries [43], leading to a more uniform evolution of defor-
mation microstructure compared to coarse-grained materials. Although 
the present MEA specimens exhibited higher density of stacking faults 
and deformation twins, as well as dislocations, the idea in the case of 
pure Al that mechanical constraint imposed by grain boundaries can 
result in more homogeneous plastic deformation and less orientation 
dependence of deformation microstructure evolution must be common. 
Thus, such influences of grain boundary constraints are considered to 
affect the deformation microstructure evolution and the resultant 
work-hardening behavior observed in the UFG specimen of the CoCrNi 

Fig. 6. Tensile axis orientations of grains with each deformation microstructure 
type in the (a) CG (Type A (blue triangles), B (red crosses), B + T (green stars)) 
and (b) UFG specimens (Type C (black circles), C + T (orange squares)) 
deformed to a strain of e ~ 5 %.
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MEA and responsible for the disappearance of the orientation 
dependence.

Another characteristic of the deformation microstructure in the UFG 
specimen is the presence of widely extended stacking faults. Similar 
behavior has also been reported in some Cu-alloys [15]. Although the 
reason for the formation of such widely extended stacking faults is un-
clear, it may be related to the activation of multiple slip systems as well 
as the low SFE of the MEA. In the case of the UFG specimens, due to the 
constraint imposed by grain boundaries, a larger number of slip systems 
can be activated compared to the CG specimens, as discussed above. As a 
result of mechanical interactions among dislocations, in some cases, 
large shear stress can act on the leading partial dislocations, causing the 
stacking faults to expand widely. Another possibility is the influence of 
neighboring grains. If there is a grain where deformation state is very 
different from others, it can cause stress fields in neighboring grains. 
Such stress fields may also contribute to the expansion of stacking faults. 
In the case of UFG materials, owing to the high density of grain 
boundaries, more grains can be mechanically influenced by neighboring 
grains compared to CG materials. Thus, the presence of widely-extended 
stacking faults can be a nature of low SFE FCC materials with UFG 
microstructures.

Deformation twins have also been observed in the UFG specimen 
regardless of grain orientation. This is in contrast to the CG specimen, 
where deformation twins mainly form on primary or conjugate planes 

with high Schmid factors. In the UFG specimen, many deformation twins 
tend to form on planes that are nearly parallel to the tensile axis of 
grains, which have a notably low Schmid factor. This difference in-
dicates that the nucleation mechanism for deformation twins in the UFG 
specimen is fundamentally different from that in the CG specimen, 
suggesting that grain boundaries play a crucial role in the UFG spec-
imen. Although the exact mechanisms are still unclear, the Plaston 
concept proposed by Tsuji et al. [18] offers a compelling explanation. It 
suggests that the nucleation of lattice defects, including dislocations, 
deformation twins, and deformation-induced martensite, arises from the 
collective motion of mechanically excited atoms at stress concentration 
points, such as special character grain boundaries and triple junctions. 
This hypothesis is supported by the observations of Hung et al. [44], 
reporting that the formation of deformation twins from specific grain 
boundaries with special characters, such as boundaries with large free 
volumes and partially incoherent Σ3 twin boundaries, during plastic 
deformation of a high-Mn steel in in-situ TEM studies and corroborated 
these findings with molecular dynamics simulations. They noted that the 
deformation twins also formed on lattice planes with low Schmid fac-
tors. In UFG polycrystals, the significantly higher density of grain 
boundaries, compared to conventional CG polycrystals, introduces a 
greater diversity in grain boundary character and increases the likeli-
hood of adjacent grains being adjacent to special grain boundaries that 
are conducive to twin nucleation, as observed by Hung et al. Also, local 

Fig. 7. XRD profiles of (a) CG and (b) UFG specimens obtained by in-situ measurements during tensile deformation. The vertical axis is the logarithmic scale so that 
the changes in the peak shapes can be easily distinguished. The corresponding indices of each peak for an FCC structure are also indicated in the figure. The parts 
pointed by gray arrows in the profiles for e = 0.00 are the artifact intensity, without any physical meaning, caused by the X-ray detectors.
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stress concentration near grain boundaries can further assist nucleation 
of deformation twins with such abnormal nucleation mechanisms, as 
suggested by the recent study by Park et al. [45] on stress distribution 
visualization near grain boundaries in polycrystals. Additionally, the 
lack of mobile dislocations, an important characteristic of UFG mate-
rials, can play a significant role. In order to activate the abnormal 
twinning mechanisms, the activity of other deformation modes like 
dislocation slip must be suppressed. Since we did not find traces of 
dislocation reactions near deformation twins in the UFG specimens, 
possibly such twin nucleation with abnormal mechanisms might be 
operated due to the lack of mobile dislocations in the grains as well as 
stress concentration near the grain boundaries with special characters.

Above all, we think that the following points can be common for the 
MEA and conventional low SFE FCC materials with UFG 
microstructures: 

(1) Due to the constraint imposed by grain boundaries and stress 
concentration in UFG materials, a larger number of slip systems 
can be activated resulting in more homogeneous plastic defor-
mation (less orientation dependence of deformation microstruc-
ture evolution) and rapid increase in dislocation density 
compared to CG materials.

(2) Due to the lack of mobile dislocations and stress concentration at 
grain boundaries in UFG materials, deformation twinning 
nucleated by a mechanism different from CG materials is more 
likely to happen.

Adding to these, inhibited dynamic recovery in the MEA (as dis-
cussed above) might further increase the density of dislocations and 
stacking faults as well as deformation twins nucleated by unconven-
tional mechanisms.

4.3. Strengthening and work-hardening mechanisms in the CG and UFG 
specimens

To gain further insight into the flow behavior of the CG and UFG 
specimens, Fig. 9 depicts their flow stress values (σ) as a function of the 
square root of dislocation densities ( ̅̅̅ρ√ ), which were quantified through 
the in-situ synchrotron XRD. The linear relationship observed in Fig. 9
suggests that the flow behavior of the CG and UFG specimens can be 
attributed to the increase in dislocation density, in accordance with the 
Bailey-Hirsch model, which is expressed as follows: 

σ = σY +Mαμb
̅̅̅ρ√
, (2) 

where σY is the yield strength of materials, M is the Taylor factor (= 3.06 
for random texture), α is the material constant (0.32 and 0.30 were 
obtained for the CG and UFG specimens, respectively), μ is the shear 
modulus (91 GPa for CoCrNi MEA [26]), and b is the Burgers vector of 
perfect dislocations (estimated as 0.2520 nm for the CoCrNi MEA based 
on the in-situ synchrotron XRD measurements). Based on the results, the 
remarkable work-hardening capacity of the UFG specimen, which en-
ables an excellent strength-ductility balance compared to conventional 
UFG metals, can be mainly attributed to the rapid increase in dislocation 
density, as shown in Fig. 8(a). Compared to conventional UFG metals 
[46,47], the increment of dislocation density in the MEA was signifi-
cantly higher, resulting in an enhanced work-hardening rate and better 
strength-ductility balance. The rapid increase in dislocation density can 
be explained by inhibited dynamic recovery in the MEA than in other 
FCC metals. This is primally because of the low SFE of the MEA, making 
dislocations difficult to cross slip during deformation. Moreover, our 
recent experimental work [33] suggested that, compared to conven-
tional materials, dynamic recovery in FCC HEAs/MEAs can be more 

Fig. 8. (a) Dislocation density evolution and (b) planar fault probability evo-
lution during tensile deformation quantified by the CMWP method based on the 
diffraction profiles in Fig. 7.

Fig. 9. Relationship between the flow stress and square root of dislocation 
densities in the CG and UFG specimens. The solid lines in the figure are fitting 
lines obtained by fitting the data points by Eq. (2). The corresponding α values 
are also indicated together.
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suppressed by their chemical heterogeneity in an atomic scale (different 
elements with different sizes occupy different lattice sites) which can 
increase the energy barrier for cross slip of screw dislocations, as dis-
cussed in the previous section.

The introduction of planar defects, such as stacking faults and 
deformation twins, which are commonly observed in low SFE FCC ma-
terials, can further reduce the mean free path of dislocations, thereby 
contributing to work-hardening via the dynamic Hall-Petch effect, 
although quantifying this contribution is challenging due to the lack of 
established theoretical frameworks. This effect of dynamic Hall-Peth 
mechanism could be more pronounced in the CG specimen because, 
compared to the UFG specimen, deformation twins are uniformly 
distributed, and multiple variants of twins are very effective to block 
dislocations of different slip systems during deformation [48]. This 
might be why the CG specimen showed higher work-hardening rate than 
the UFG specimen, as shown in Fig. 2 (b). Furthermore, deformation 
twinning introduces domains with orientations different from the ma-
trix, resulting in the accumulation of a large number of geometrically 
necessary dislocations near twin boundaries to maintain the continuity 
of deformation across twin boundaries. This phenomenon is similar to 
the behavior observed at general high-angle grain boundaries, as dis-
cussed above. Consequently, the presence of planar faults can lead to a 
further increase in dislocation density locally. Also, according to pre-
vious literature [49,50], the emission of deformation twins as well as 
dislocations near crack tips can contribute to the retardation of fracture 
after necking. Although this is beyond the scope of our investigation, 
similar mechanisms might operate in the present materials as well.

In conclusion, the UFG specimen of the MEA have achieved an 
excellent strength-ductility balance compared to conventional UFG 
metals, primarily due to the evolution of unique deformation micro-
structures and the rapid increase in dislocation density, which can be 
largely attributed by inhibited dynamic recovery in the MEA. We believe 
that the insights gained here can be universally applicable to other low 
SFE FCC high-alloy systems with UFG microstructures, such as other FCC 
HEAs/MEAs [10,13,20], high-Mn steels [9,12], and Cu-alloys [14,15], 
which also exhibit an excellent strength-ductility balance.

5. Conclusions

In this study, we successfully fabricated a CoCrNi MEA with two 
different microstructures - fully recrystallized CG and UFG - using HPT 
and subsequent annealing. We investigated the deformation behaviors 
of specimens with both microstructures at room temperature, with a 
focus on the evolution of the deformation microstructures. Our aim was 
to clarify the characteristics of deformation microstructures in the UFG 
specimen compared to the CG specimen and to elucidate the micro-
structural origins of the excellent work-hardening capability observed in 
the UFG specimen compared to conventional UFG metals. The following 
points are the main findings of the present study. 

(1) The CG specimen exhibited a yield strength of 240 MPa, an ul-
timate tensile strength of 710 MPa, a uniform elongation of 43 %, 
and a total elongation of 58 %. While the UFG specimen showed a 
yield strength of 760 MPa, an ultimate tensile strength of 
950 MPa, a uniform elongation of 17 %, and a total elongation of 
33 %, which were consistent with previous reports.

(2) In the CG specimen, the deformation microstructures varied 
depending on the TA of each grain, developing DCs, PDSs, and 
PDSs with deformation twins of multiple variants, similar to be-
haviors reported for the single crystal specimens. This behavior 
was also consistent with the previous literature on other FCC 
high-alloy systems.

(3) In contrast, the UFG specimen exhibited tangled dislocations, 
extensive stacking faults, and nano-sized deformation twins of 
single variant regardless of grain orientations.

(4) Interestingly, many deformation twins in the UFG specimen were 
found on lattice planes nearly parallel to the TA where the 
Schmid factor is notably low. This indicates a distinctive nucle-
ation mechanism from that in the CG specimen. We discussed the 
observed differences in microstructural evolution between the CG 
and UFG specimens in light of grain boundary constraints.

(5) Dislocation densities and planar faults probability quantified by 
our in-situ synchrotron XRD measurements during tensile defor-
mation were higher in the UFG specimen than those in the CG 
specimen and in conventional UFG metals.

(6) The relationship between the flow stress and dislocation densities 
of the CG and UFG specimens followed the Bailey-Hirsch model, 
suggesting that the work-hardening behavior of the specimens 
were primarily controlled by increases in the dislocation density 
and can be attributed to inhibited dynamic recovery in the MEA. 
The effect of planar faults which can dynamically reduce the 
mean free path of dislocations was also discussed and could be 
more pronounced in the CG specimen.

We concluded that the exceptional work-hardening ability of the 
UFG specimen of the CoCrNi MEA was attributed to the inhibited dy-
namic recovery (one of the characteristics of FCC high-alloy systems) 
and the formation of unique deformation microstructures, characterized 
by a high density of dislocations of different slip systems interacting 
frequently, and deformation twins nucleated through an unconventional 
mechanism, collectively contributing to retardation of plastic instability 
and realizing excellent strength-ductility balance.

CRediT authorship contribution statement

Nobuhiro Tsuji: Writing – review & editing, Supervision, Resources, 
Project administration, Funding acquisition, Conceptualization. Aki-
nobu Shibata: Writing – review & editing, Supervision. Yu Bai: Writing 
– review & editing, Supervision. Takuto Ikeuchi: Investigation, Formal 
analysis, Data curation. Genki Yamashita: Investigation, Formal anal-
ysis, Data curation. Shuhei Yoshida: Writing – original draft, Visuali-
zation, Validation, Methodology, Investigation, Funding acquisition, 
Formal analysis, Data curation, Conceptualization.

Declaration of Competing Interest

The authors declare that they have no known competing financial 
interests or personal relationships that could have appeared to influence 
the work reported in this paper.

Acknowledgments

This work was financially supported by the Elements Strategy 
Initiative for Structural Materials (ESISM), Japan Science and Technol-
ogy Agency (JST) CREST (JPMJCR1994), Japan Society for the Pro-
motion of Science (JSPS) the Fund for the Promotion of Joint 
International Research (International Leading Research) (No. 
JP23K20037), the Grant-in-Aid for Scientific Research on Innovative 
Area "High Entropy Alloys" (No. JP18H05455), the Grant-in-Aid for 
Scientific Research (S) (No. JP15H05767), the Grant-in-Aid for Early- 
Career Scientists (No. JP22K14501), the Grant-in-Aid for Research Ac-
tivity Start-up (No. JP21K20487), and the Grant-in-Aid for JSPS 
Research Fellow (No. JP18J20766), all through the Ministry of Educa-
tion, Culture, Sports, Science and Technology (MEXT), Japan. The 
synchrotron X-ray diffraction experiments were performed at the 
BL46XU of SPring-8 with the approval of the Japan Synchrotron Radi-
ation Research Institute (JASRI) (Proposal No. 2019B1801). All the 
supports are gratefully appreciated.

S. Yoshida et al.                                                                                                                                                                                                                                 Journal of Alloys and Metallurgical Systems 8 (2024) 100123 

9 



References

[1] R.Z. Valiev, Y. Estrin, Z. Horita, T.G. Langdon, M.J. Zehetbauer, Y.T. Zhu, 
Fundamentals of superior properties in bulk NanoSPD materials, Mater. Res Lett. 
3831 (2015) 1–21, https://doi.org/10.1080/21663831.2015.1060543.

[2] R.Z. Valiev, M.J. Zehetbauer, Y. Estrin, H.W. H??ppel, Y. Ivanisenko, H. Hahn, 
G. Wilde, H.J. Roven, X. Sauvage, T.G. Langdon, H.W. Höppel, Y. Ivanisenko, 
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[22] G. Ribárik, Modeling of Diffraction Patterns Based on Microstructural Properties, 
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